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ABSTRACT 


An experimental study was conducted to evaluate the corrosion 
performance of weldments of a high strength low alloy (HSLA) 
steel in a simulated seawater environment. This steel, 
designated HSLA 80, was developed by the United States Navy 
for use in ship structural applications. Stress corrosion 
cracking (SCC) and hydrogen embrittlement (HEM) were 
investigated by conducting 42 Wedge-Opening Load (WOL) tests 
as a function of stress intensity and corrosion potential and 
23 Slow Strain Rate (SSR) tests as a function of strain rate 
and corrosion potential. The corrosion potentials were chosen 
to simulate the environmental conditions of free corrosion, 
cathodic protection and hydrogen generation. 


The results from this investigation indicated that HSLA 80 
base metal and weldments were susceptible to hydrogen assisted 
cracking (HAC) in a Seawater environment under conditions of 
continuous plastic deformation and triaxial stress in the 
presence of hydrogen. The heat-affected zone of the weldment 
was found to be the most susceptible portion of the weld 
joint. A lower bound was established for the critical stress 
intensity for stress corrosion cracking for HSLA 80 base 
metal and weldments. 
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1.0 INTRODUCTION: 


Stress corrosion cracking (SCC) is an extremely complex 
phenomenon since it involves not only environmental = and 
metallurgical factors acting in synergism but interfacial and 
continuum considerations as well. In that any one individual 
may at best be considered a specialist in only one of these 
fields, it is not surprising that there is no reliable 
fundamental theory that applies to any and all 
alloy/environment systems C1]. In fact, it is becoming 
increasingly apparent that there 1s no one single mechanism 
that is responsible for cracking but that a variety of 
processes are operative for a specific alloy/environment 


system. 


In spite of its intractability, stress corrosion cracking 
is of crucial importance to materials engineering. The 
Linassailable facts that a few parts per million (ppm) of 
chloride can result in cracking of stainless steel, that a 
few ppm of ammonia can crack brass and that high strength 
steels are embrittled by hydrogen must be recognized in any 
material design specification. The crux of the theoretical 
issue is that no cause and effect relationship can be 
established between a given material and a given environment 
based on the behavior of a different system. In other words, 
theory cannot predict stress corrosion cracking 
susceptibility. The only acceptable and reliable measure must 
then be to test the proposed system macroscopically = and 


extrapolate to the microscopic level of crack behavior. 





The specific test procedure to be followed in evaluating 
SCC susceptibility is in andof itself a thorny issue. 
Generally, the full component cannot be selected as the test 
specimen due to size and economic constraints. Clearly, in 
assessing a material for possible ship applications, one 
cannot build ships to test in various environments. Although 
numerous specimen geometries have been proposed and used, they 


may generally be separated into three fundamental groups [2]: 


(1) Smooth specimens under static load. 
(2) Frecracked specimens under static and dynamic load. 
(3) Smooth specimens under dynamic load with a constant 


strain rate. 


Smooth specimen testing (both static and dynamic) results in 
the measurement of an index such as time to failure or 
reduction of area which may then be compared to baseline data 
when the same specimen i8 tested in a control or inert 
environment. Fractographic analysis may additionally be 
employed to assess the nature of the failure. Precracked 
specimen testing differs in that the response of a material in 
the presence of a sharp crack must be treated using fracture 
mechanics techniques so as to characterize the stress 
concentration inherent to the notch geometry. The index of 
material susceptibility in the precracked case i565 the 
threshold stress intensity factor K below which the crack 


ISCC 
will not grow. 


_— 
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Service environments can be determinant or indeterminant 
depending on the products intended end use. Unfortunately, 
most actual engineering applications are either air or water 
which, though perceived as locally homogeneous are om 
actuality qlobally diverse. A recent series of experiments 
CS] intended to evaluate the susceptibility of HY 139 to SCC 
employed flowing natural seawater, constant temperature 
seawater, transported seawater, synthetic seawater, brine, 
brackish water and polluted harbor water. The choice of 
environment is thus one of some complexity with an implied 
tradeoff of severity for reproducibility. (It should be noted 
that in the particular experimental program cited it was 
concluded that the modified seawater test environments were in 


fact mo more severe than actual seawater). 


The evaluation of a given alloy/environment system (for 
Susceptibility to stress corrosion cracking is thus fraught 
with experimental uncertainty, a panoply of theoretical 
Ppostulations anda lack of clarity in the interpretation = and 
reporting of historical results. This research study will 
evaluate the stress corrosion cracking and hydrogen 
embrittlement behavior of a relatively new steel adopted for 
use by the U. S&S. Navy for hull structural applications. This 
steel is a member of the High Strength Low Alloy (HSLA) Group 
which has high ductility due to low carbon levels and a 
relatively high yield strength (80 ksi) derived primarily from 
copper precipitation. In that it is intended as a replacement 


for the currently used HY 80 steel, it has been designated 
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HSLA 80. The focus of this thesis is to determine whether or 
not HSLA 80 is susceptible to stress corrosion cracking or 


hydrogen embrittlement. 





2. BACKGROUND: 
2-1 SUSTAINED LOAD ENVIRONMENT CRACKING: 


Continuing fundamental research in the field of Materials 
Engineering has led to the identification and codification of 
at least nineteen processes which can reduce the life 
expectancy of a metallic structure or component. These 


processes may be broken down into three subgroups as follows 


A. Mechanical 
(1) Yielding 
(2) Brittle fracture 
(3) Overload or ductile fracture 
(4) High temperature creep 
(3S) Fatigue 
(6) Wear 


RK. Chemical 
(1) Uniform or general corrosion 
(2) Crevice corrosion 
(Sete cing 
(4) Galvanic or dissimilar metal corrosion 
(3S) Intergranular corrosion 
(6) Selective dissolution (e.g. dezincification) 
(7) Filiform corrosion 
(8) High temperature oxidation 


C. Chemical and Mechanical (Mixed Effects) 

(1) Corrosion fatigue 

(2) Erosion corrosion 

(3) Hydrogen cracking or embrittlement 

(4) Liguid metal assisted cracking 

(3) Stress corrosion cracking 
Material development programs must consider most if not all of 
the above potential failure modes depending on the specific 
end use application. In critical design applications, such as 


Maval ship construction, all material failure modes must be 


rigorously analyzed and certified before the first plate is 
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bent. HSLA 80 was developed from the International Nickel 
Company's linepipe steel manufactured to the ASTM 
specification A719. The original steel product was formulated 
to maintain its toughness at the extremely low temperatures of 
arctic pipeline applications. The U. S&S. Navy embarked on a 
program C4) to certify HSLA 80 for surface Ship applications 
in 1981 as a replacement for HY 80 due to the expense in both 
production and fabrication of the latter. This experimental 
program was limited to relatively thin plate (less than 1 1/74 
inches) due to the intended end use application. Further 
applications’require the evaluation of thick section plate (2 
inches) in a Separate development program of which this 


research study 1s a part. 


Of the identified failure modes, some (such as yielding) 
are readily evaluated by time-honored methods standardized 
under the aegis of the ASTM. Others are somewhat less readily 
quantified, particularly those in the third subgroup which 
result from "mixed" effects. Within this subgroup, one may 
further identify three processes that share a number of common 
features. These three processes; hydrogen embrittlement 
(HEM), liquid metal assisted cracking (LMAC) and stress 
corrosion cracking (SCC) have been called "Ststained load 
environmental cracking" [C2] £4(to distinguish them from the 
cyclic loading corrosion fatigue and the no load erosion 
corrosion). In that this study is directed to HSLA steel 


evaluation for ship applications, the LMAC failure mechanism 


Shall hereafter be excluded from consideration. 


Le/ 





Hydrogen embrittlement and stress corrosion cracking are 
remarkably similar insofar as their effects and requirements 


are concerned (S,21: 


(1) Both produce macroscopically brittle fracture even 
in metals that exhibit ductile failure in a tension 
test. 

(2) There is a general increased susceptibility to 
failure for both processes as the yield strength of 
an alloy is increased. 

(2) Cracks propagate discontinuously in both processes. 
(4) Both require a tensile stress. 

(3S) Both processes can occur at stresses far below that 
required for general yielding but will often not occur 
below a threshold stress. 

(6) Both processes are believed to involve localized 
plastic flow. 

(7) Both processes have similar grain size dependencies, 
Similar response toa other metallurgical variables, 
and similar strain rate and temperature 
dependencies. 

(8) Specificity of the alloy/environment combination 
which leads to the most severe cracking problems are 
required in both cases. 

(9) The minimum concentration of the chemical species 
in the environment necessary to cause cracking 


is often very low (FFE levels) for both cases. 
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These similarities suggest a unifying underlying principle 
which serves as the theoretical basis for the occurrence of 
both or either cracking mode. 

Clearly, there are alloy/environment systems that fail by 
SCC alone such as alpha brass in ammonia and those that fail 
by HEM alone such as high strength steels in moist air. Less 
evident are those systems which exhibit accelerated cracking 
that cannot be unequivocably identified as SCC or HEM. In 
such cases, hydrogen induced brittleness leading to crack 
initiation and propogation is called hydrogen assisted 
cracking (HAC) to distinguish it from the independent’ HEM 
failure mode. The distinction is largely semantic as both HEM 
and HAC refer to the same basic phenomenon, i.e. cracking 
induced by brittleness due to the presence of hydrogen . ih 
that the mechanism of "true" SCC is then one of anodic 
dissolution along a preexisting susceptible path in the metal, 
it is frequently referred to as active path corrosion (AFC). 
In order to clarify the distinction between the two processes, 
Figure 1 provides a pictorial representation (S51. In AFC, the 
metal at the crack tip is the anode and hence oxidizes, 
hydrogen (or oxygen) then providing the concomitant cathodic 
reaction on the metal surface. 


+ = 
M= M +e (anode) 


e +H #® H (cathode) 
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ACTIVE PATH CORROSION HYDROGEN EMBRITTLEMENT 


ANQDE 





CATHODE 





CATHODE 


FIGURE 1 - Schematic of Cracking by 
Active Fath Corrosion (AFC) = and 
Hydrogen Embrittlement (HEM). 





In HAC, the same anodic and cathodic processes occur except 
that the anodic metal dissolution reaction occurs on the 
surface of the metal (vice in a crack) and the cathodic 
reduction reaction results in hydrogen embrittlement = and 


ultimate cracking. 


The lack of unequivocal distinction between SCC (or AFC) 
and HEM (or HAC) leads one to consider both in any 
investigation of a material ’s susceptibility to either one. 
Classically (which in the corrosion field is as late as 1969), 
the distinction between SCC and HEM was experimentally 
discernable by varying the applied potential in a given test 
and observing the effect on the specimen’s time to failure 
Pod. If the operative mode was AFC, then making the potential 
more cathodic (less noble or more negative) would reduce the 
corrosion current and hence reduce the cracking and increase 
the time to failure (see Figure 2). On the other hand, if the 
operative mode was HEM, making the potential more cathodic 
would increase the hydrogen reduction reaction resulting in 
more embrittlement and decreasing the time to failure. 
Although this technique is valid in cases of SCC only or HEM 
only failure modes, it is invalid in cases where 
changing the corrosion potential in either direction reduces 
the time to failure. In other words, if raising the potential 
(i1.@. more cathodic) results in a decreased time to failure 
and lowering the potential (1.@. more anodic) results in a 
similar effect, one cannot conclusively determine the 


Operative failure mode (APC or HEM) > This has been observed 
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FIGURE 2 - Effect of Variation in 
Fotential on Corrosion Current. 
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with i2 percent Cr-martensitic stainless steel in aerated NaCl 
solutions [7]. One could perhaps simply infer from the 
observed failure behavior that increasing potential in the 
active or cathodic direction accentuated HAC and that 
increasing potential in the noble or anodic direction 
accentuated AFC. This need not be (and probably isn’t) the 


case [5]. 


The chemical conditions in a localized geometry such as 
at the tip of a growing crack may be radically different from 
those of the bulk electrolyte at the surface of the material. 
This should come as no surprise since the salinity and the 
temperature of sea water in a narrow inlet are often quite 
different from those of the adjacent ocean. The rationale for 
the divergence in measured property values is the same in both 
cases, that there is limited exchange between the crack or 
inlet and the bulk electrolyte or sea. As a consequence, the 
PH at the tip of a crack is acidic typically in the range of 
3-4 regardless of the F'H of the bulk electrolyte [8]. The 
acidity is of course dictated by the concentration of hydrogen 
ions which become plentiful at the crack tip. The mechanism 
for the production of the ions is theorized to be the 
hydrolysis of the anodic dissolution products at the crack 


rf) 


M= M + @ 


+ * 
M +H «= MOH + H 
2 


KJ 
fal 





Since the ions are restricted in their movement their 


concentration increases as the FH drops. 


The potential at the crack tip can also be radically 
different from that at the surface of the metal. The 
constriction of the crack geometry provides a high resistance 
path through the essentially immobile electrolyte causing a 
potential drop from the surface to the tip [C9]. When the 
surface is maintained at a noble potential, the crack tip is 
less noble whereas when the surface is maintained at an active 
potential the crack tip is more noble. This potential drop 


can be of substantial magnitude, often more than 1.9 volt. 


The crux of the issue is that a propogating crack is) an 
occluded cell (190] with a FH, potential and ionic species 
concentration that may differ substantially from the values of 
these parameters as measured at the surface. This means that 
both the metal dissolution of AFC and the hydrogen evolution 
Of HAC may occur at the crack tip regardless of bulk 
conditions. Thus, although the HEM and SCC phenomena are 
commonly distinguished {and in the more extreme cases 
distinguishable), there seems to be little justification for 
this (11). If hydrogen promotes brittleness which ultimately 
results in cracking in a specific environment, one could just 
as easily call this SCC as HEM or HAC. Consequently, if one 
wishes to evaluate a material for SCC, one must investigate 


the effects of hydrogen with equal alacrity. 





2.2 STRESS CORROSION CRACKING: 

Stress corrosion cracking 1s cracking caused by the 
Simultaneous presence of a tensile stress and an environment 
comprised of a specific corrosive medium Ci2]. Implicit in 
this definition is the fact that three major disciplines all 
play a role in assessing the overall problem: 

(1) The electrochemistry of the alloy/environment 

system. 

(2) The physical metallurgy of the material system 

insofar as grain boundaries, dislocations, inclusions and 

precipitates play a role. 

(3) The fracture mechanics of the dynamic interaction of 

the crack tip stress field with the local geometry. 

The complexity of the problem has defied explanation through a 
Single unified theory. In fact, the search for one theory for 
all systems has largely given way to any theory that explains 
any single system. In order to achieve this elusive goal, one 
must address each of the three areas above in terms of Cild: 

(1) The chemical reaction(s) which govern the formation 

and propogation of stress corrosion cracks. 

(2) The microstructural features that impede or assist 

in cracking behavior. 

(2) The nature of the stress/geometry dependence. 

Thus, the nature of the realistic goal is to characterize a 
Qiven material in a given environment in terms of its cracking 
susceptibility. Figure 3 schematically summarizes the many 
processes involved ine SCC, graphically illustrating the 


conundrum of the research engineer. 
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FIGURE 3 - Schematic of Microfeatures 
and Microprocesses Fossibly Involved 
in Stress Corrosion Cracking (SCC). 
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The characteristics of SCC have been reviewed vis-a-vis 
their commonality with HEM characteristics. For the sake of 
completeness, however, a summary of shared, in addition to 
unique, characteristics would be appropriate as a starting 
point for an evaluation of current theoretical doctrine. 
ERrown summarizes the characteristics of SCC as follows [131]: 

(1) A tensile stress must be present which may be 
provided by loading, residual stress due to welding, etc. 
(2) Generally, pure metals are immune. 

(3) Chemical species causing SCC in an alloy are limited 
in number (specificity). 

(4) A low concentration of the specific damaging 
chemical species 15 required to initiate SCC in an alloy. 
a) In some systems, SCC activation occurs only at 
elevated temperatures (e.g. austenitic stainless steel 
and chloride). 

(6) Generally, the alloy susceptible to SCC in a 
specific environment is virtually inert with respect to 
that environment (1.€. im the absence of stress no 
appreciable reaction occurs). 

(7) Cracks are brittle in appearance on a macroscopic 
scale even in demonstably tough materials. 

(8) The microscopic SCC fracture mode 18 generally 
different from that of plane strain fracture (thick 
sections). 

Ge.) In some systems, there 1s a threshold stress below 


which SCC does not occur. 





ce must be emphasized again that many of the above 
"characteristics" are general in the sense that exceptions do 


exist, further exacerbating the search for a unified theory. 


From ean electrochemical standpoint, Fourbaix C14] 
stresses the overriding importance of the difference in 
composition between the bulk solution and a restricted access 
region. The sequence of events from the electrochemist’s 
point of view begins with the formation of a corrosion pit on 
the surface of the alloy at the electrolyte interface. ae on™ 
formation depends on either the existence of a defect on the 
surface (preexisting flaw) or on the establishment of a local 
anode due to the metallurgical inhomogeneities which cause 
localized potential differences. Thus, oxidation occurs at 


the anode according to: 


Fe = Fet2 + 2e-~- 


and reduction occurs at the cathode: 


ze + 2H ® H 


As shown on Figure 4, a porous cap of corrosion products then 
forms from ferrous-ferric compounds to impede electrolyte 
interchange and thus form the occluded cell. Within the cell, 
ferric and ferrous ions hydrolyze according to: 

+2 +3 + 


Fe + 2Fe +4H O = Fe GO + BH 
2 3 4 





(2) LOCALIZED BREAKDOWN 


eC (2) CORROSION PIT FORMATION 





CDINCREASE IN ACIDITY AND CHLORIDES 
PASSIVITY BREAKDOWN 


(4. WEAKENING OF PITTED REGION 


ao . eo FAILURE UNDER TENSILE STRESS 
<—— —--> 
STRESS 


FIGURE 4 - Mechano-Electrochemical 
Model of Stress Corrosion Cracking. 
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which lowers the FH due to the hydrogen ion concentration 
increase and attracts anions (such as chlorides) due tao the 
positive electrical charge and the requirement of 
electroneutrality. If a tensile stress is then applied to the 
system, a crack emanates from the pit, further restricting 
electrolyte replenishment and concentrating the damaging 
chemical species. As the crack propogates, new metal i165 
exposed to the electrolyte to be attacked in turn until the 


component ultimately fails. 


From the physical metallurgy standpoint, composition, 
structure/grain size, grain orientation and dislocations are 
generally considered to play arole in stress corrosion 
Sracking CiSil. The importance of composition rests with the 
experimental assertion that pure metals are ( essentially? 
immune to SCC whereas alloys are not. Early research on the 
effects of alloy additions revealed that noble metal additions 
to a less noble base metal (e.g. gold added to copper) 
resulted in an increased susceptibility to SCC while less 
noble additions to noble metals had no effect Cid]. The 
reason for this behavior would logically relate toa the 
necessity of localized electrochemical discontinuities for the 
formation and propogation of corrosion cracks. Similarly, 
carbon and nitrogen additions to iron enhance susceptibility 
to SCC while aluminum and titanium additions purportedly 
reduce the susceptibility [C15]. The only other two alloying 
additions with any reported effects are copper with a 


deleterious influence and chromium with a benificient one. 





Structural effects are important as they relate to the 
gQrain size and the grain boundary composition. It is 
universally accepted that a smaller grain size reduces the 
susceptibility to SCC but there is certainly no consensus as 
to the reason. One explanation is that smaller grains 
increase the overall grain boundary length and therefore 
mitigate the weakening effects of grain boundary precipitates 
for a given volume fraction of precipitates. A second (and 
perhaps more plausible) explanation is that smaller grain size 
improves yield strength according to the Hall-Fetch 
relationship (i.e. that the yield strength is inversely 
proportional to the square root of the grain size) and hence 
more stress is needed to initiate the stress corrosion crack 
C15]. The grain boundary composition is primarily responsible 
for the potential of transgranular or intergranular fracture. 
In ferritic steels, research has been predominantly limited to 
nitrate solutions as this is the environment to which these 
alloys are susceptible to SCC C17). The intergranular 
cracking which characterizes the carbon steel-nitrate system 
has been attributed generally to the segregation of carbon 
compounds to the grain boundaries. This theory is 
experimentally justified by the observation that sub-critical 
annealing which spherodizes the pearlite and disperses carbide 
in globular form on the grain boundaries increases the 
susceptibility to SCC. In more general terms, Graf [16] 
asserts that the following rules can be established for 


transgranular and intergranular cracking: 
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(1) Intergranular cracks occur when the corrosive 
environment reacts with the less noble component of an 
alloy system. 
(2) Transgranular cracks occur when the corrosive 
environment reacts with both the components of the alloy 
system. 
The fact that both transgranular and intergranttlar cracks can 
occur in the same alloy/environment system would suggest, 
however, that there is no simple rule by which a specific 


fracture can be predicted. 


Grain orientation refers to the angular difference 
between the adjacent grains boundaries of a microstructure. A 
large difference 1m grain boundary angle retains high grain 
boundary energy and increases susceptibility Coo  s0C. The 
energy difference associated with high angle boundaries 15 
small, however, when compared to the potential differences 
associated with other structural features stich as phases and 
precipitates (17,181. Wence, the effects of grain orientation 
should be negligible with respect to the more fundamental 
effects of grain composition and structure. Similarly, 
dislocations represent an analagous energy differential when 
compared to other electrochemical parameters and hence are 


believed to have marginal effect. 


Finally, from the fracture mechanics standpoint, the 
effects of stress and strain on the susceptibility of a 
material to SCC are considered. Although 1t is clear that a 


tensile stress is required in order that SCC occur, it is by 





no means certain as to the actual role of the stress in a 
mechanistic sense. Among the more plausible explanations are 
ery J: 
(1) The tensile stress allows the electrochemical process 
to occur by opening the crack, thereby allowing the 
passage of electrolyte and impeding corrosion product 
induced crack arrest. 
(2) The stress induces plastic deformation at the crack 
tip toa enhance localized electrochemical dissolution 
processes. 
(3) The stress induces elastic deformation which provides 
the energy necessary for the electrochemical corrosion 
induced crack to propogate as a brittle fracture. 
It has been suggested that the role of stress in crack 
initiation may differ from that of propogation to further 
complicate the process. A fourth mechanism that could explain 
the stress effect is that passivating oxide films that protect 
the metal surface are fractured sequentially to allow 
corrosion of the bare crack tip [20]. As the role of film 
formation and subsequent destruction under the action of a 
stress field is one of the main theoretical propositions, this 


subject will be discussed in some detail. 


The field of linear elastic fracture mechanics (LEFM) has 
been successfully applied to characterize fracture behavior of 
high strength materials. The extension of the theory to the 
study of slow crack growth under static and dynamic loading, 


known as subcritical crack growth, has met with considerable 
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experimental success C21]. Of fundamental importance to LEFM 
is the concept of the stress intensity factor K, which 
provides a single parameter characterization of the stress and 
displacement fields near the crack tip. The subscripts I,Il, 
and III are applied to the cases of opening mode, edge-~sliding 
mode and tearing mode respectively, K being the most 
important for typical load and geometry rc For 
the case of an isotropic elastic body loaded in mode I, the 
stress fields are given by [22]: 


o = (K /V6.28 r)*(cos{.56})*(i-sin(.56}sin{i.5@}) 
x I 


( = (K /V6.28 r)*(cos{.50)})*(i+sin(. 56} 8in(1.56)) 
y I 


or = (K /V6.28 F)*(sin{.5@}cos{.58}cos{1.50)) 

xy I 
where the radial (r) and angular (8) dependence are as shown 
in Figure 3S. Clearly for a given position ahead of the crack, 
the stress is uniquely determined by K according to the 
theory. From the practical side, these em do not apply 
as r approaches zero for this would require infinite stress 
and the material would yield to prevent the mathematical 


Singularity. Secondly, they provide only approximate 


solutions for large values of r, i.e. at relatively great 


distance from the crack tip. Thirdly, and most importantly 
from an experimental standpoint, the dimensions of the 
material (1.e. crack length, specimen width, specimen 


uncracked ligament, etc.) must be large in comparison to the 





FIGURE 53 - Coordinates and Stress 
Components in the Crack Tip Stress 
Field. 
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plastic zone size of the crack tip so that errors introduced 
by plastic flow are minor or adequately corrected. This last 
requirement can be particularly difficult to meet, 


particularly in tough materials as is HSLA-8O. 


The stress intensity at which the limiting condition of 


fracture is reached is called the critical stress intensity 


factor or fracture toughness Ks. It 165 a material parameter 
IC 
in the sense that it has a finite value for a given material 
and a given crack geometry. Analytical expressions for K in 
I 


terms of various dimensional parameters have been worked out 
for a wide variety of geometric configurations. For example, 
that for a semi-infinite plate subjected to uniaxial tensile 
stress with an internal crack of length 2a is given by [23): 
K = o (V6. 26a) 
IC f 

with the units of either MPa times the square root of meters 
or ksi times the square root of inches. In SCC testing, this 
concept is extended to that of threshold stress intensity. Ky 
Successive reductions in loading on a precracked specimen, the 


level of stress intensity K below which no failures are 


I 
observed to occur can be determined experimentally. This 
threshold stress intensity, KE is of significant import in 
Poe 


that it provides ameasure of stress corrosion cracking 


susceptibility when compared to the critical stress intensity 


factor K . 
Le 
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The application of LEFM to materials with a high 
toughness presents a practical insurmountable problem due to 
the presence of a significant amount of plasticity. Rased on 
the characteristic dimension of the size of the crack tip 
plastic zone, ASTM Frocedure E399 [24] requires that the 


specimen thickness and the crack length be greater than: 


2 
225K S/o) 
te Ys 
where co is the yield strength (.2% offset) and kK is the 
YS 1s 
plane strain fracture toughness. Hence, the specimen must be 
large compared to this characteristic dimension. For steels 


with high toughness (such as HSLA-8O and HY-8O), this 
dimension is on the order of ten centimeters, making testing 
impractical. This practical limitation will be further 


addressed in the testing section. 


The theories proposed to explain the stress corrosion 
cracking phenomenon reflect the mechanistic and 
electrochemical dichotomy of the operative environmental = and 
material properties discussed above. The theories are 
generally broken down into four basic categories although this 
is far from universal. The specificity of the particular 
alloy environment combination has led researchers to explore 
the intricacies of each particular theory grouping leading to 
further breakdown of theoretical explanation into the nuances 
et relative contributions of one effect over another. 


Nevertheless, the four basic theory grouping retains some 





validity in terms of organizing the efforts of experimentation 


Bad: 


(1) MECHANO-ELECTROCHEMICAL: This model emphasizes the 


importance of the mechanical processes of stress and/or 
strain at the tip of a growing crack. These mechanical 
effects may be caused by applied or residual stresses 
which result from fabrication processes such as welding 
or by metallurgical configurations such as grain size or 
the extent of grain boundary precipitation. In any case, 
the mechanical effects serve to promote electrochemical 
dissolution at the crack tip by making these areas more 
anodic or active than the surrounding material. Cracking 
then proceeds by the combination of the mechanical = and 
electrochemical mechanisms operating sequentially through 


the material. 


(2) EILM RUPTURE: This model stresses the importance of 
the formation of passivating films on the exposed 
surfaces of susceptible materials. As these films are 
broken, small regions of bare metal are exposed which 
then become anodes to the relatively large passivated 
cathodic surface. The film breakage is mechanically 
induced, possibly by the emergence of dislocations at the 
Greack tip. The small anodes are rapidly corroded with a 
mechanism similar to that subscribed for pitting or 


crevice corrosion leading to crack extension. 





(3) MBRITTLEMENT: This model postulates the creation 
of a brittle film which grows into the metal immediately 
behind the corroding surface. The brittleness of the 


film then allows for cracking under the action of stress. 


(4) STRESS SORPTION: This model deviates from classical 


theories in that it emphasizes the importance of surface 


energy in the SCC process. In this sense, it is the 
"modern" theory and attempts to explain a variety of 
embrittlement phenomena (including the hydrogen 


embrittlement of the next section) on the basis of 
energy. Fundamentally, the model predicts the reduction 
of the energy required to form a new surface by the 
adsarption of surface active species in the vicinity of 


the crack. 


Each Of the above theories has its adherents and 
detractors with the requisite experimental evidence to defend 
their individual positions. The complexity and specificity of 
the SCC process suggest, however, that all have some validity 
in one or more material environment systems but that none are 
universally true. Following a more detailed review of the 
theories, an overall assessment of current doctrine will be 


formulated. 


The Mechano-Electrochemical Theory was the natural end 
result of the history of the discovery of SCC as a potentially 
severe material problem. It reflects the piecemeal 


understanding of the fundamental process. "Season cracking" 





is the earliest widespread instance of SCC [12]. It occurred 
initially in brass cartridge cases that were cold drawn so as 
to hold the bullet in place; The season modifier referring to 
its appearance only during certain months of the year (later 
attributed to the environmental presence of ammonia). 
Frofessor W. Chandler Roberts—-Austen €19] provided the first 
insight into the occurrence of season cracking by 
demonstrating that it was not restricted to just brass and by 
postulating the necessary role of tensile stress. "Caustic 
cracking" of riveted boiler steel in an environment of free 
alkali observed in the late nineteenth century provided 
another indication that SCC was not limited to any one metal 
or alloy and further suggested the importance of the 
specificity of the environment [12]. As further examples) of 
specific instances of cracking in material/environment systems 
were recognized in the process of technological development in 
the early twentieth century, the three discernible elements of 
SCC became manifest: mechanics, metallurgy and the chemistry 
of the environment. Aluminum alloys cracked in atmospheric 
moisture, mild steel failed when subjected to the nitrate 
environments of the chemical industry and stainless steel was 
subject to cracking in both chloride and caustic environments 
at elevated temperatures. Then, as now, the problem of SCC 
was sOlved on the practical level by changing one or all of 


the three required ingredients. 


With the advent of microscopy to probe the inner workings 


of the cracking process and linear elastic fracture mechanics 
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to characterize the crack tip stress field in the 1960's came 
the inception of the mechano-electrochemical body of 
theoretical research. The theory in its most fundamental 
sense is that the stress at the tip of the crack causes it to 
become anodic with respect to the crack sides and thus 
stimulate dissolution. The inception of the theory i156 
generally attributed to Dix C25] who proposed that the 
function of the stress was to "pull the metal apart along more 
er less continuous localized paths." This newly exposed 
metal, anodic to the surface, would hence accelerate corrosion 
and "result in further tearing of the metal." From this 
somewhat simplistic point of departure have come the myriad 
claims and counterclaims of subsequent researchers, the debate 
centering predominantly on the role of stress as a corrosion 
enhancer. Harwood [26], for example, agrees that "...the 
mature and propogation of stress corrosion cracks indicate 
strongly that crack propogation is primarily mechanical." His 
overall explanation of the model is much more complex, 
however, reflecting an increased role of stress, above and 
beyond that of merely holding the crack open: 

(1) Trench-like fissures are created by corrosion at 

local sites. 

(2) stress concentration develops as the fissure grows 

deeper and sharper causing localized plastic deformation. 

C3) A brittle crack is initiated which propogates some 

distance through the material until stopped by a grain 


boundary, an inclusion or by stress relaxation. 
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(4) The exposed surface is rapidly corroded with little 
or no crack extension until the new surface is passivated 
by a protective film. 
(S) The process repeats as stresses again build up. 

The synergistic effect of stress and corrosion are thus 


emphasized in this version of the theory. 


Refinement of the role of stress in the Mechano-~ 
Electrochemical Theory has been the focus of stucceeding 
experiments. Parkins C27], in studying SCC of mild steels in 
nitrate solutions noted that the intergranular nature of the 
cracking was due to distortion induced stress along the grain 
boundary caused by precipitation of carbide particles. These 
microstructures in the area of distortion then create the 
anodic site necessary for corrosive attack. This corollary to 
the basic theorem has been subsequently upheld by follow-on 
researchers (regardless of their theoretical persuasion) but 
it should be noted that it applies only to those systems which 
form grain boundary precipitates and is hence somewhat limited 


in application. 


On a somewhat different tack, Hoar [28] evaluated SCC of 
alistenitic stainless steels in 42 percent aqueous magnesium 
chloride and of alpha brass in ammonia. He concluded that the 
lecal rapid ductile yielding at the crack tip, i. e. the 
strain, caused by the raised local stress accounted for the 
stimulation of anodic dissolution. As further evidence of 
this strain assisted dissolution, he pointed to indications 


from previous experiments of a threshold strain at about .1 





percent of proof stress below which SCC did not occur. The 
physical crack extension was postulated to occur when 
dislocation pile-ups emerge at the crack tip to initiate slip 
bands. This was supported by arguing that materials with 
restricted slip (low stacking fault energy) were generally 
"cracking" types whereas those with extensive cross slip high 
stacking fault energy) were not; the slip restriction 
contributing to the necessary pile-up of dislocations in 
sufficient magnitude to cause cracking. Once the new metal is 
exposed by cracking, it then becomes subject to anodic 
dissolution. The crux of the distinction is then that where 
stress assisted cracking emphasizes the "energizing" of the 
material at the crack tip, strain assisted cracking emphasizes 
the deformation along slip bands. In that both then allow for 
anodic dissolution, the essential mechano~electrochemical 


model remains substantially the same. 


The final major modification to the Mechano- 
Electrochemical Model which will be considered is the 
localized pitting or tubular form of attack proposed by 
Pickering and Swann [29]. Following detailed observation of 
the microstructures of copper-gold, copper~aluminum, copper- 
Zinc, and magnesium-aluminum alloys after exposure to both 
cracking and non-cracking environments, they ultimately 
concluded that “compostitional rather than physical 
disturbances initiate preferential chemical attack on the 
surface of the alloys studied." The stress assisted and 


strain assisted cracking mechanisms are thus discounted as 
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inconsequential or, at best, of secondary importance. Their 
observations indicated that tubular corrosion pits were 
initiated at surface sites which contained a compositional 
fluctuation of the alloy rather than at static dislocation 
sites. The mechanism postulated was that: 
(1) A protective film forms over a major portion of the 
surface. The sites of compositional fluctuation change 
the composition and structure of the film over them, 
rendering it less protective. 
(2S) Fitting corrosion ensues at these sites as a local 
electrochemical cell is established which prevents) film 
formation and passivation and enhances anodic 
dissolution. 
(3S) The pitted region becomes mechanically weakened, 
allowing for ductile failure through the corroded 
material along active slip planes. 
(4) The process is autocatalytic as new surface with the 
requisite compositional fluctuations is exposed. 
Thus, the Mechano-Electrochemical Theories all attempt to 
explain SCC on the basis of the synergism of a mechanical 
process with the electrochemical dissolution of a corrosion 
cell. It is in the characterization of the mechanical process 
that the distinctions arise. A schematic of the process is 


shown in Figure 4. 


The Film Rupture Theory, although originally postulated 
by Mears, Hrown and Dix (€25], has been largely attributed to 


Logan [30] who first proposed it as part of a generalized 
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theory in 1952. Recognizing the dearth of experimental 
measurements of the electrochemical potential at the root of a 
crack with freshly exposed metal, and further noting that the 
limited testing that had been done indicated a tendency toward 
electonegativity (anodic) in this area, he devised = an 
experiment to measure the potential. Using six notched 
tensile specimens in corroding electrolytic solutions, he 
measured the potential changes during the course of a slow 
strain rate tensile test. The resultant changes in 


electrochemical potentials are as shown in Table 2.1 below: 


TABLE 2.1 
ELECTROCHEMICAL POTENTIAL CHANGES 


MATERIAL ELECTROLYTE POTENTIAL 
245-T4 Al Alloy Saturated KCl 0.610 
7O7ZCuU-SOLZZnN Hrass 24 Ammonium Hydroxide QO. 700 


Yh Ammonium Carbonate 


Sr.CU—-S6/Z2n-SAFbD Brass Same as above QO.510 
AZ31 Magnesium Alloy o.ag% Nal 

2% Potassium Chromate QO. 240 
Low Carbon Steel 2% Ammonium Nitrate 0.160 
S302 Stainless Steel Saturated KCl 0.3515 


These values were obtained at their maximum point when the 
specimen failed and reflect large amounts of exposed material. 
In general, the transient behavior of the potential was such 
that rapid increases accompanied the plastic deformation of 
the specimen (i. e. beyond the yield point). From this data, 


it was postulated that, as the specimens were stressed in 
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tension, minute areas of the specimens were broken without 
substantive plastic deformation of the underlying material 
which then became electronegative with respect to the filmed 
surface. Since the area of these exposed points was small, 
corrosion would proceed at arapid rate until a change in 
electrochemical conditions supported a reformation of 
protective film cover. If no changes occurred, the cracking 


would be continuous whereas if the film reformed, cracking 


would be discontintous. The film rupture theory was thus 
considered as requiring a stress only insofar as the 
protective film ruptured, the corrosion alone being 


responsible for the subsequent cracking. 


The fundamental tenets of the Film Rupture Theory have 
changed very little over the decades since its inception. 
McEvily and Hond C31] studied stress corrosion cracking of 
alpha brass in ammoniacal copper sulfate and concluded that 
the experimental results were best supported by the film 
rupture theory of Logan. Their observations indicated a three 
step process of (1) crack initiation, (2) crack advance along 
the surface (in the film) and (3) crack penetration through 
the film into the base metal. Crack initiation was attributed 
to a decrease in the resistance to fracture of the film as it 
thickened rather than to the action of substrate dislocations. 
Cracks growing along the film surface were attributed to the 
low stacking fault energy (restricted slip) of the tarnish 
layer. Crack penetration was postulated as a continuation of 


the crack initiation process (i.e. the repeated formation and 
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rupture of the film on thickening). The overall effect in 
support of SCC was that film rupture localized the effects of 
stress and environment to cause anodic dissolution at the 
crack tip without the need for massive plastic stress induced 
deformation of the substrate. Cracks were found to grow at a 


rate proportional to the square of the applied stress. 


As a final note on the Film Rupture Theory, Scully C113 
identified the rate of film formation as a critical step in 
the SCC process. The "repassivation rate" of the metal 
surface following film rupture 1s critical to the extent that 
an excessively high rate will cause either no attack or 
pitting (vice cracking) and a low rate will allow for general 
corrosion attack over a larger surface and hence prevent the 
localization necessary for SCC. The general argument is based 
on the creation of an area of fresh metal by the occurrence of 
@a wide slip step (or some other stress induced deformation). 
The expanse of fresh metal is then stich that repassivation 
cannot occur within the time available over the whole area. 
Figure 6 depicts the Film Rupture Model from the repassivation 
standpoint. Along the sides of the crack, passivation occurs 
as shown by the points il. As the crack tip 1S approached 
(points 2 and “°%3), increasing halide ion concentration, 
diminished oxygen and falling FH inhibit film formation. If 
the current density at the crack tip (point 4) is high enough 
in relation to the current density near the crack tip, then a 
crack will propogate. If it is not high enough, the fissure 


will develop into a pit and blunt the crack. The specificity 
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@) PASSIVATION ALONG THE SIDES OF THE CRACK 


(2) INCREASING HALIDE CDNCENTRATIDN, DIMINISHED 
OXYGEN AND FALLING PH INHIBIT FILM FORMATION 
AS THE CRACK TIP IS APPRDACHED 


(4) CRACK PROPOGATES IF CURRENT DENSITY HIGH ENOUGH 


FIGURE 6 - Schematic Representation 
Of the Film Rupture Theory of SCC. 
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of the environment becomes important with regard to the 
relative concentration of aggressive ionic species (1.e. those 
which cause cracking or corrosion) and the concentration of 
passivating species. The metallurgical variables of the 
material become important with regard to the deformation = § and 
fracture mode which accompany an application of stress. The 
repassivation explanation of the Film Rupture Theory 1s more a 
refinement than a revision. The essence remains unchanged; 
that a small localized area becomes anodic with respect to a 
much larger filmed surface so as to promote corrosion induced 


crack growth. 


The Embrittlement Theory is also a film theory to the 
extent that it addresses the role of a surface layer of a 
material adjacent to the environment. Although originally 
proposed by Edeleaner, it is widely attributed to Forty (32), 
who codified it and coupled it to experimental evidence. ct 
is perhaps the least popular of the SCC theories since it is 
almost wholly phenomenological in its arguments and since the 
embrittlement of a material has been more recently attributed 
to hydrogen effects (to be discussed in the next section). 
The theory is based on the observation that the rate of 
cracking in SCC is intermediate between the rates for cleavage 
fracture and simple corrosive attack, suggesting a two-stage 
process. The first stage is the environmentally induced 
embrittlement of a surface zone deep enough to allow a crack 
=o form. The embrittlement mechanism is one of selective 


dissolution wherein the least noble component of an alloy is 
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preferentially attacked (e.g. dezincification of brass) 
leaving a sponge-like brittle surface layer. The second stage 
is then the formation of a crack due to the restriction in 
plastic deformation caused by embrittlement. The crack then 
propogates through the brittle surface layer, and, if it 
acquires a sufficient velocity, into the underlying ductile 
substrate. The crack continues until it is stopped within the 
metal due to a preexisting slip band or some other region 
where deformation can occur and absorb the stress. The 
process then begins anew with the first stage of selective 
leaching embrittlement. The uniqueness of the Embrittlement 
Theory lies within its assumption that there is no 
interdependence between applied stress and chemical attack, 
which would appear to be contrary to experimental evidence in 


many alloy/environment systems [32]. 


The Stress Sorption Theory of SCC is the most "modern" of 
the major theories and hence has limited experimental support. 
The general notion of stress sorption of surface active 
species causing a reduction of surface energy and hence a 
reduced fracture stress 1s generally attributed to Fetch [323]. 
The application of stress sorption to SCC as a potential 
general theory is due primarily to the theories of Uhlig [6]. 
The basic argument proceeds from the notion that the Mechano- 
Electrochemical, Film Rupture and Embrittlement Theories do 
not take into account the required specificity of the 
environment and the inhibiting effects of extraneous ions. 


The Stress Sorption Theory, on the other hand, focuses on the 





environment in the sense that the adsorption of its 
constituent ions onto the surface of a stressed region 
controls the cracking behavior. The specificity of the 
environment is thus that only specific adsorbed species are 
effective in reducing the attraction of surface atoms for each 
other so that the bonds between them are weakened leading to 
crack initiation. The inhibiting effect of extaneous ions is 
xplained by their displacement of the damaging species by 
"mass action" or by their effects on the corrosion potential 
to the extent that conditions are no longer favorable for the 
adsorption of damaging species. The potential shift argument 
applies equally to the effects of cathodic protection on SCC. 
As a metal 1s cathodically polarized, it is made more negative 
with respect to the environment and thus repels the negatively 
charged ions to prevent their adsorption. In support, it 1s 
generally true that cathodic polarization of metals impedes or 
prevents SCC whereas anodic polarization frequently enhances 
aot . The virtual immunity of pure metals to SCC may be 
explained if one assumes that the chemisorption of surface 
active species can only occur on mobile dislocations or some 
other type of active imperfection that remains on the surface 
for an adequate time period. Since the microstructures of 
alloys impede dislocations more than do those of pure metals, 
the "surface time" of dislocations would be longer and hence 
chemisorption more likely. The influence of microstructure 
may be explained analagously (i.e. in terms of dislocation 
motion control). The Stress Sorption Theory thus represents a 


radical break from the classical notions in that the material 





is either totally irrelevant or relevant only from the 
standpoint of producing the damaging ionic species by 


electrochemical means. 


The conclusion that must be reached in an evaluation of 
the above theories is that either a general unified theory has 
yet to be found or that SCC is in actuality a group of 
different mechanistic processes that share the common 
attributes of tensile stress, corrosive environment == and 
susceptible material. The Mechano-Electrochemical Theory does 
not adequately explain the specificity of the electrolyte in 
causing cracking, for if the mere action of corrosion were 
nmecessary, then any electrolyte of comparable electrical 
conductivity would work as well as any other. This is clearly 
not the case. The Film Rupture Theory cannot be a general 
theory since SCC occurs in the absence of visible or suspected 
films (e.g. alpha brass in alkaline ammonium hydroxide). 
Further, SCC does not occur in pure metals which form brittle 
or cathodic corrosion films quite readily. Finally, chloride 
ions which break down oxide films and nitrate ions which favor 
oxide films act as SCC inhibitors in mild steel and austenitic 
stainless steels respectively. The Stress Sorption Theory 
requires nee surface tension be reduced from about 1000 to 
2000 een to about 100 eaeee for the materials for 
which data are available. This reduction would in turn 
require extremely large adsorption energies (on the order of 
100 kcal/mole) which have not been reported for metal-aqueous 


solution interfaces C34). Further measurements of surface 





energy changes with ion adsorption and with reaction film 


formation are required to resolve this particular issue. 


The failure of the theory in predicting the 
susceptibility of a specific alloy/enviroaonment system to SCC 
necessitates an experimental approach for design decisions. 
This has in general been the accepted engineering practice and 
has led to the development of "Susceptibility" tables for 
specific alloys and environments. Tables 2.2 Ci2d and 2.3 
C35] are examples of a general and a more specific SCC 


susceptibility assessment. 
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TABLE 2.2 


ENVIRONMENTS THAT MAY CAUSE STRESS CORROSION CRACKING 


MATERIAL 


ALUMINUM ALLOYS 


COPPER ALLOYS 


ORDINARY STEELS 


SrAINLESS STEELS 


ENVIRONMENT 
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NaCl solutions 
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NaOH solutions 


NaOH-Na Sid0 


o 
= Ze 


Calcium, ammonium, 
sodium nitrate 


Mixed acids 
HCN solutions 


Acidic H § 
2 


Seawater 


Acid chloride 
(MgCl ,HaCl ) 
2 ie 
NaCi-H O 
Ze 
Seawater 


H S$ 


“ 


NaOH-H §& 
“ 


et 





al 
2 
3 
+ 
5 
xX 
A 
i 
el acid 
= 
Cl neut 
ell 
ie) Ooxid 
Seawater 


Fure water 
—j 
OH 


HCN 


“ 
< 


5 
Carbonates 
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RESISTANT 


TABLE 2.3 
ENVIRONMENTS VERSUS LOW ALLOY STEELS 


RESISTANT UNLESS HARDENED ABOVE RC=22 
RESISTANT UNLESS HARDENED ABOVE RC=33 
RESISTANT EXCEFT IN CERTAIN RANGES 

NON-RESISTANT 


RAPID GENERAL ATTACK OR FITTING 


RESISTANT UNLESS ANODICALLY POLARIZED 
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2.5 HYDROGEN CRACKING 

Hydrogen, the most elemental of the identified chemical 
varieties, is also one of the most ubiquitous. As a key 
ingredient in both water and organic materials, it permeates 
the environment. Hydrogen has avery large mobility in 
metals, many orders of magnitude higher than that of other 
interstitially dissolved atoms [36]. It 1s thus able to 
penetrate to a greater depth and generally achieve a greater 
concentration so as to significantly alter the properties of 
the base metal matrix. From ae strictly gGualitative 
standpoint, the small size of the hydrogen atom relative toa 
the interatomic spacing of metal atoms ina crystal lattice 
lends logical appeal toa this observed phenomenocn. For 
example, the hydrogen atom is only about .48 Angstroms in 
diameter whereas the spacing between adjacent atoms in a body- 
centered cubic iron structure is about 2.86 Angstroms. It is 
this high diffusivity that causes the permeation of the metal 


matrix and the subsequent alteration of its basic properties. 


Once dissolved, the interaction of the atomic hydrogen 
with the metal results in what may generally be called 
hydrogen damage. This damage may take one of various forms 
which comprise four distinct types: the low temperature 
phenomena of blistering and embrittlement and the high 
temperature phenomena of decarburization or carbon removal and 
hydrogen attack (C12). In that the initiation and propogation 
Of cracks in steels (particularly those that are high in 


strength) has been attributed at least in part to their 
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embrittlement by the adsorption of monatomic hydrogen from the 
environment, this form of damage is of particular and wide- 
ranging interest. The fracture of metals when subjected to a 
hydrogenated environment has been further specified as 
hydrogen stress cracking or simply hydrogen cracking C37]. 
Its similarity in both apparent cause and effect to SCC has 
been previously addressed and will not be reviewed at this 
juncture CS]. Suffice it to say that the two mechanisms are 
unique enough to allow for individual consideration even 
though their ultimate ‘engineering impact is the same: 


potentially catastrophic failure under the right conditions. 


The evidence supporting the existence of hydrogen 
cracking 18s well substantiated. Alloy/environment systems 
which do not favor crack formation on the application of 
stress can be made to do so by cathodically polarizing the 
metal [371]. The cathodic polarization results in the release 
of hydrogen from the metal surface which can then diffuse as 
discussed previously so as to permeate the metal matrix. 
Although embrittlement may occur without other harmful side 
effects, subsequent cracking so as to cause degraded material 
performance requires the application of sufficient stress. In 
general, cracking is transgranular like SCC. An important 
exception to this behavior is found in the case of martensite, 
& high strength microstructure formed by rapid quench and the 
primary component of the HY series steels used in ship hull 
construction. Martensitic steels generally fail 


intergranularly along prior austenitic grain boundaries. 





Hydrogen cracking, like SCC is a complex phenomenon and as 
such has eluded unequivocal scientific explanation. Numerous 
theories have been proposed and specific experimental results 
published in an attempt to fully characterize the process. 
The theories that have been proposed generally favor 
electrochemistry, fracture mechanics or surface chemistry, 
depending primarily on the qualifications of their proponents. 
The primary theories (to which their are numerous 


modifications) are: 


(1) Pressure Theory. 

(2) Lattice Decohesion Theory. 

(3) Surface Adsorption Theory. 

(4) Plastic Deformation Theory. 


(5S) Dislocation Mobility Theory. 


The Fressure Theory is a logical starting point in any 
discussion of hydrogen embrittlement, as it is the oldest and 
Simplest. The basic premise is that hydrogen enters the steel 
microstructure and collects in pockets until the pressure is 
So great that the elastic strength of the metal is exceeded. 
The metal then reacts by springing apart, causing cracking. 
Fundamental to the process is the variation of hydrogen 
solubility ain iron with variation in temperature as shown in 
Figure 7. As steel cools, it is increasingly amenable to 
supersaturation with hydrogen and hence to accumulations of 
hydrogen under pressure. Since this stress 1s aerostatic, it 
1s triaxial and the material can respond only by rupturing, 


for flow is not possible under these conditions. The fracture 
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will proceed across the slip planes that are most favorably 
oriented to the imposed stress, exposing flat facets 
characteristic of the bright and shiny brittle fracture 
surface observed. Hydrogen accumulation within the metal 
will be exacerbated by the high concentrations of hydrogen on 
the metal surface. The accumulation of hydrogen pockets is a 
reversible process to the extent that aging the hydrogenated 
metal lattice at room temperature restores its ductility, the 
restoration rate depending on the aging temperature (i.e. 
higher temperatures result in higher diffusivity of hydrogen 
and hence allow it to migrate out of the metal lattice more 
rapidly). Hydrogen escape is afforded by either passage of 
molecular hydrogen to the surface or by re-solution of the 
hydrogen in the metal lattice due to the pressure buildup in 
the gas pockets. Figure 8 shows the effect of baking to 


remove hydrogen on the time to failure. 


The inception of the Fressure Theory may be attributed to 
Zapffe and Sims [28], who postulated that various steel 
processing defects were directly attributable to hydrogen 
embrittlement. It has been refined since its initial 
inception and continues to provide a viable explanation for 
the observed material behavior. In a recent study (39), Beck 
et al measured the effects of stress and temperature on the 
permeation rate of hydrogen in several commercial grades of 
OS) « The permeation rate was found to increase with 
increasing stress whereas the diffusion coefficient was 


constant ( i.e. the fractional increase in permeation rate was 
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the same regardless of the stress level). This was viewed as 
significant in that an increase in the permeation rate coupled 
with constant diffusion meant that the hydrogen must be 
accumulating within the metal lattice. Further permeation 
experiments revealed the existence of a critical hydrogen 
concentration above which the permeation transient displayed 
an anomalous peak value uncharacteristic of mormal Fickian 
behavior [39]. The critical hydrogen concentration, though 
dependent on temperature, was found to be independent of the 
cathode side solution composition (numerous electrolytes were 
tried). It was hypothesized that the peak in the permeation 
rate marked the onset of embrittlement as follows: 
(1) Low hydrogen concentrations do not "overload" the 
metal lattice and can pass through it without distortion. 
(2) On reaching the critical concentration, the hydrogen 
can no longer readily diffuse and must then collect in 
pockets or combine with the metal atoms as hydrides 
(structural investigations gave no evidence of hydride 
formation, however). 
(3) As the hydrogen collects at avoid in the metal, 
pressure builds up resulting in a blister or crack. 
(4) As cracks and blisters are formed, the ability of 
hydrogen to permeate the material is impeded, resulting 
in the observed reduction in the permeation rate. 
(5S) The growth rate of the crack then becomes dependent 
on the recombination of the hydrogen atoms at the metal 
surface (assuming anodic dissolution), on the elastic 


properties of the metal and on the hydrogen pressure. 
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The Lattice Decohesion Theory has its underpinnings in the 
"Slow strain embrittlement" behavior of hydrogen induced 
cracking. Froposed Originally by Troiano C40], the 
fundamental mechanism is dependent on two factors: 

(1) The diffusion of hydrogen toa highly stressed 

region which is localized and segregated within the metal 

lattice. 

(2) The embrittlement of the material at this localized 

point by the presence of hydrogen resulting in crack 

nucleation. 
The proposition followed observation of the behavior of 
hydrogenated metals under the action of a statically applied 
stress. On varying the hydrogen concentration, it was found 
that all delayed failure parameters, i.e. notch toughness, 
rupture time and the static fatigue limit increased with 
decreasing hydrogen concentration (Figure 8). The increase in 
the lower critical stress (i.e. that stress level below which 
failure will will mot occur) with decreasing hydrogen 
concentration intimates that cracking behavior is governed by 


a combination of hydrogen and stress. 


Further experiments using the resistance of statically 
loaded hydrogenated metals to mark the onset of cracking 
revealed that a delay time or incubation period occurred that 
was strongly dependent on the hydrogen concentration but 
Virtually independent of applied stress. As the hydrogen 
concentration increased, the incubation period decreased. 


This phenomenon was explained by considering that prior to the 
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application of stress, a Given amount of hydrogen is 
distributed uniformly in the metal. A certain amount of time 
is required on application of the stress By the test apparatus 
for the hydrogen to diffuse to the region of high triaxial 
stress induced by the action of the bulk of the metal on the 
crack tip. Once a sufficient "critical" concentration of 
hydrogen is reached in the highly stressed region, a crack 


forms and propogates. 


Tf the Initial crack formation depends on the 
accumulation of hydrogen to a critical level, then it stands 
to reason that once crack growth starts, it must be 
periodically arrested by the metal lattice until the hydrogen 
concentration can again build up to a critical value ahead of 
the crack tip. In other words, the crack grows out of the 
hydrogenated region and the highly stressed zone at the crack 
tip moves to aregion of lower concentration. Hence, the 
Growth of a crack due to hydrogen embrittlement must be a 
discontinuous process according to the theory. The 
macroscopic nature of crack growth measurement prevents 
observation of discontinuous extensions unless the temperature 
Of the specimen 1s lowered sufficiently to retard hydrogen 
diffusion. If this is done, resistance measurements indicate 


the stepwise crack extension predicted. 


Thus the Lattice Decohesion Theory proposes a mechanism 
wherein a normal fracture process is operative upon which is 
superimposed the effect of hydrogen embrittlement. Notches 


due to material or metallurgical defects act as stress 
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concentrators which generate the sites for fracture in the 
form of blocked dislocation arrays which are stable. As 
hydrogen is attracted to the stressed region, the effects of 
hydrogen embrittlement are gradually manifested and the 


material cracks. 


The Surface Adsorption or "Stress Sorption" Theory is less 
widely accepted than the two preceding theories. AS 
originally proposed by Fetch and Stables [33], it is identical 
to that proposed for the phenomenologically similar stress 
corrosion cracking. The adsorption of a surface active 
species such as hydrogen on a surface (which may be of the 
bulk metal adjacent to the environment or on the face of a 
notch or fracture) results in areduction of the surface 
energy of the material. Thus crack formation 1s enhanced by a 


reduction in the fracture stress. 


Support for the theory was originally somewhat limited 
due to the lack of direct measurements of the embrittlement 
kinetics of materials in gaseous hydrogen environments. Ina 
recent study by Williams and Nelson C41], gaseous hydrogen 
embrittlement experiments were conducted on stress relieved 
4130 steel in order to evaluate the validity of the theory. 
Fracture toughness and crack propogation tests were conducted 
and electron fractography used to evaluate the “fracture 
surfaces. The investigation revealed that the apparent 
activation energy of gaseous hydrogen induced slow crack 
growth was 3900 cal/mole, much less than the 9000 cal/mole 


energy associated with the bulk transport of hydrogen to the 





crack initiation site. Further, no evidence of an incubation 
period such as had been observed with hydrogen charged steels 
was evident. The evidence suggests that since the transport 
orf hydrogen is not the rate controlling step in the 
embrittlement process then the next most logical choice would 
be the adsorption of hydrogen on the metal surface. This 
choice is based on the fact that hydrogen adsorption behavior 
for varying temperatures is similar to that observed for the 
crack growth temperature variation. Rased on the close 
agreement between the observed crack growth rate and that 
predicted theoretically by considering the adsorption rate of 
hydrogen, the latter is determined as the rate controlling 
step. This argument is extended by considering that measured 
crack growth rates are two to five orders of magnitude faster 
than the maximum expected diffusion rate. Thus bulk diffusion 
transport cannot be significant in its effect on crack growth, 
and the embrittlement of steels by gaseous hydrogen must be 


due to some type of surface reaction. 


The argument 1s further extended to hydrogen charged 
steels by considering that the fracture behavior in both cases 
is Similar. In hydrogen charged steel, hydrogen must first 
migrate to the void regions which form due to the application 
of stress (explaining the incubation time found in this case). 
The authors acknowledge the validity of the Pressure Theory in 
contributing to the stresses of the voids, maintaining that 
the surface adsorption energy effect must be superimposed to 


Provide a truly valid embrittlement theory. 
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The Flastic Deformation Theory of Heachem [42] suggests 
that the presence of sufficiently concentrated hydrogen 
dissolved in the highly stressed region at the crack tip 
assists in the deformation process that 185 already operative. 
The mechanism for the assistance in the cracking process is 
proposed to be an unlocking of dislocations such that they can 
move at reduced stresses. Thus a rather significant break 
with previous theory is postulated in that reduced ductility 
inherent to embrittlement (which involves the locking of 
dislocations) is ruled out ain favor of deformation 


enhancement. 


In the development of the theory, four fundamental 
interactions between hydrogen and steel are asserted: 
(1) Hydrogen is evolved and enters the metal lattice at 
growing crack tips. 
(2) Fure molecular hydrogen gas dissociates at clean 
deforming surfaces and enters the metal matrix. 
(3) Hydrogen migrates to regions of high triaxial stress 
at the crack tip. 
(4) The presence of hydrogen aids in the deformation of 
the metal matrix. 
The first three processes merely affect the supply of hydrogen 
to the fracture site whereas the fourth is proposed as the 
operative mechanism which increases the susceptibility to 


cracking. 


In order to evaluate the four fundamental interactions in 


light of the proposed theory (i.e. that the processes of 
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intergranular, quasicleavage or microvoid coalescence fracture 
are aided by hydrogen) three experimental procedures were 
devised using three types of steel. A comparison of a steel 
subjected to stress corrosion cracking conditions and 
subsequently to hydrogen assisted cracking (HAC) conditions 
revealed that the crack propogated in the same fracture mode 
in both cases, suggesting that HAC was the operative 
mechanism. Further evaluation of the HAC failure revealed 
that the crack had propogated by microvoid coalescence (MVC), 
Clearly a ductile vice a brittle mode of failure. The most 
significant findings were that the HAC crack tips advanced by 
microscopic plastic deformation processes (the rate of 
advancement depending on the stress intensity factor) and that 
there were changes in the fracture mode associated with the 
decrease in plasticity. Figure 9 depicts the various fracture 


modes observed as a function of decreasing stress intensity. 


The observations made of the fracture surfaces directly 
refuted the theories of Troiano and Fetch [33,40]. The 
existence of extreme microscopic plasticity in the MVC 
fracture mode and the existence of tear ridges in the 
intergranular and quasicleavage modes directly refuted the 
Lattice Embrittlement Model of Troiano since the failure was 
ductile. The voids and the nucleii for quasicleavage and 
intergranular cracking were observed to initiate and grow well 
ahead of the crack tip, indicating that the Stress Sorption 


Model of Fetch could not be operative since these areas were 


not exposed to the environment. Further, if stress sorption 
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as a Function of Decreasing Stress 
Intensity Factor and Decreasing 
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cracking were operative, one would expect to find either 
brittle cleavage facets due to the lowering of the cohesive 
bonds across cleavage planes or elongated tear dimples due to 
the lowering of the resistance of the surface atoms. Cracking 
was found to be discontintious at high stresses supporting the 
Fressure Theory but no discontinuity in growth was noted at 
lower stress levels indicating that pressure buildup was not a 
factor. 

The Flastic Deformation Theory fits well with most 
laboratory observations: The Flanar FPressure Model at low 
stresses (where pressure then serves as the sole source of 
stress); The theory that hydrogen concentrates in high 
stressed regions; The theory that deformation "locks" hydrogen 
in place; The theory that hydrogen lowers the true fracture 
strength of the lattice. In attributing HAC to the effect of 
hydrogen on the plasticity of the metal lattice, Beachem’s 
theory falls short in falling to identify the mechanism of 
this effect. A more recent study by Clum C43] suggested that 
this mechanism was the ability of hydrogen to catalyze the 
mucleation of dislocations and thus induce the plasticity 


identified by Beachem. 


The final and most recent theory of hydrogen behavior in 
metals provides an explanation for the transport of hydrogen 
as one of the pivotal elements of Hydrogen Embrittlement 
Theory. This theory, called the Dislocation Mobility Theory, 
is not an omnibus proposal such as those previously discussed 


but rather an explanation for the specific mechanism of 
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hydrogen movement in metals. The central tenet is that 
hydrogen does not permeate the metal by the process of lattice 
diffusion but rather by rapid dislocation sweeping, the 
dislocations effectively dragging a hydrogen cloud with them. 
The importance of the transport theory to hydrogen 
embrittlement is in the explanation of the ductile failure 
process wherein hydrogen can change the rate of microvoid 
mucleation and growth. Further, the theory provides” an 
explanation for deep hydrogen penetration necessary for 
hydrogen to accelerate fatigue crack growth rates and “(for 
hydrogen participation in stress corrosion cracking (in which 


cracking rates exceed lattice diffusion rates). 


The basic mechanism proposed by Tien et al [44] is that 


hydrogen atoms are bound to dislocations as they penetrate the 


metal lattice and are subsequently "stripped Ott by 
microstructural discontinuities such as grain boudaries, 
inclusions and microvoids. The process 1S viewed as a three 


phase evolution; the adsorption of hydrogen gas on the surface 
and dissociation into H atoms, the transfer of hydrogen from 
dislocation to dislocation at the grain boundary, and the 


transport of hydrogen into the metal matrix. 


As the hydrogen is carried into the metal, it may be 
Qiven up at a lattice site (resulting in localized hydrogen 
enrichment) due to an increase in the speed of the 
dislocation, by the annihilation of the dislocation or by 
transfer of the hydrogen to a stationary sink such as an 


inclusion. The transfer of hydrogen to a sink is of special 


7 





importance for it is through this mechanism that hydrogen 
contributes to local fracture processes. If the rate at which 
hydrogen arrives at a given sink is greater than the rate at 
which it diffuses into the surrounding matrix, then the 
accumulation of hydrogen must result in the rise of pressure 
in a void. An analysis of the mechanics of the two processes 
confirms that this is in fact the case except when the strain 
rate is very low (when hydrogen will permeate the entire 


matrix). 


As recently as 1980 at the Third International Conference 
on the Effect of Hydrogen on the Hehavior of Materials, it was 
concluded that although an understanding of the interaction of 
hydrogen with atomic structure, microstructure and defects was 
emerging, the mechanisms underlying this behavior had not yet 
been adequately identified. The failure to formulate a viable 
theory that explains the hydrogen embrittlement phenomenon is 
a direct result of the diversity of the susceptible alloy 
systems and the failure modes observed [45]. A consensus of 
Opinion, however, supports the view that hydrogen plays a 
major role in the modification of the response to plastic flaw 
in ferrous alloys. The failure process is then closely 
connected to these hydrogen modified plasticity effects (such 


as strain localization). 


Although many questions remain unanswered, a basic 


Outline of hydrogen interaction may be formulated: 
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(1) Monatomic hydrogen is generated at the surface of the 
metal by either direct charging or by cathodic 
electrolytic action according to: 
+ = 
H + e = Hadsorbed 
where the recombination of the adsorbed monatomic 
hydrogen may or may not be impeded by the formation of 
metal oxides in regions of high metal ion concentration 
(such as would be the case in a crevice, crack or pit) 


according to: 
~ cs 
M +H O = MOH + H 
2 
(2) The hydrogen is transported into the metal matrix 
Primarily by dislocation sweeping and secondarily by 
direct diffusion, this being conclusively demonstrated by 
Tien et al as previously discussed [44]. 
(3) The deposition of the hydrogen within the metal 
lattice is a function of the microstructure of the metal: 
(a) Grain boundary precipitates will result in 
hydrogen accumulation at grain boundaries. 
(b) Finely dispersed precipitates will result in 
hydrogen accumulation and void formation in the 
vicinity of the precipitates. 
(c) Internal voids or pores will likewise result in 
hydrogen accumulation and void growth. 
(d) Dislocation tangles (as would be present in 


heavily cold worked material) will result in 





hydrogen accumulation at adjacent sites which link 
up to form voids. 


(4) The failure mode depends on the mode of hydrogen 


accumulation; grain boundary precipitates causing 
cleavage or intergranular fracture, dispersed 
precipitates causing transgranular or microvoid 


coalescence depending on the degree of dispersion, and 
voids, pores and dislocation tangles causing ductile 
failure due to void growth and adjacency (again microvoid 
coalescence). 

(5S) The failure process proceeds discontinuously as the 
hydrogen permeates further into the metal, pausing as 


necessary to build up sufficient pressure. 


The understanding of the mechanisms of Wydrogen damage 1n 
metals ais thus far from complete and the prevention of such 
damage in susceptible metals is not possible. The techniques 
employed to minimize hydrogen damage are largely empirical in 
nature and use a combination of proper material selection = and 
hydrogen exclusion as preventive measures. This is 
particularly true in the case of weldments as discussed in the 


next section. 
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2.4 WELD CRACKING 

Cracks in weldments are classified according to two 
general groupings which characterize their appearance, 
location and the conditions under which they are formed [46]. 
In terms of location, cracks are classified as transverse if 
they are perpendicular to the weld axis, longitudinal if they 
are parallel to the weld axis, and crater if they occur asa 
result of a cessation of welding on the open face of the 
weldment. Cracks in the base metal are likewise categorized 
as transverse and longitudinal as above with ae further 
specification of toe and root crackS according to their 
Position relative to the weld. In terms of conditions) of 
formation, cracks which form near the bulk solidus temperature 
are called hot cracks and are characterized by intergranular 
fracture aS a result of differences in the freezing 
temperatures of the various alloys comprising the weldment. 
Cracks which form at lower temperatures (below 400 degrees F) 
ere called cold cracks and are characterized by transgranular 
fracture and bright oxide-free surfaces. Cold cracks are 
further classified as short-time cracks or delayed cracks 
depending on the time period required for their appearance. 
In that hot cracking is induced by metallurgical factors and 
cold cracking by environmental factors, further discussion 


Will be restricted to the latter. 


The environmental conditions needed for cold cracking are 
inherently present in the region of a weldment unless specific 


measures are taken to modify them. These conditions are [47]: 





(1) A critical concentration of hydrogen exists at the 

crack tip. 

(2) Stress 15 applied at a level above ae certain 

critical magnitude. 

(=) A microstructure is produced that is susceptible to 

cracking. 

(4) Temperature is in the range of -150 to 400 degrees F 

(-101 to 204 degrees C), depending on the specific alloy. 
Hydrogen introduction into the weldment occurs as a direct 
result of the welding process since the welding arc is capable 
of dissociating diatomic hydrogen into the inimical monatomic 
variety. Sources of hydrogen include atmospheric water vapor, 
moisture absorbed in the welding electrode flux, hydrocarbon 
flux compounds, and various contaminants containing hydrogen 
present due to the lack of adequate cleanliness control at the 
worksite. Tensile stresses are inherently present due to the 
thermal effects of cooling and may be further exacerbated by 
poor weld fitup. The heat affected zone microstructure 
becomes susceptible to cracking if the thermal transient is 
such that the steel is forced to attempt to transform rapidly 
from austenite (face centered cubic) to ferrite (body centered 
Stpic). Rapid quenching of austenite does not allow time for 
atomic reorganization into the BCC lattice structure, and the 
FCC structure essentially collapses into a high strength (and 
hence hydrogen cracking susceptible) microstructure called 
martensite. It is in this portion of the weldment that cracks 


are inevitably £ OUniGl. Pitenly . the low temperature 
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requirement is directly related to the solubility of hydrogen 
in steel. As the temperature drops, hydrogen solubility drops 
and hence the hydrogen becomes trapped within the metal matrix 
providing the catalyst for cracking as discussed in the 


previous section. 


The prevention of hydrogen induced cold cracking is thus 
dependent on the control of any one of the four prerequisites. 
In that the operative mechanism of hydrogen induced cracking 
is itself a subject for conjecture, its prevention is 
dependent on empirical measurement and field experience. 
Controlling the requirements for cracking is no simple matter, 
as hydrogen 18 ubiquitous and highly mobile, high residual 
stresses and a hardened microstructure are inherent toa the 
thermally transient nature of the weld process and the 
temperature of virtually all operational systems falls within 
the susceptibility range. Nevertheless, it can be prevented 
if proper procedures and rigorous controls are methodically 
adhered to. The only available alternatives are to restrict 
welding to mnoncritical applications or to accept a periodic 
(and unpredictable) catastrophic failure of a weldment, 


neither of which is acceptable. 


Perhaps the most obvious preventive measure is to limit 
the amount of hydrogen present in the weld metal, thereby 
minimizing the source of the problem. This can be done in two 
Ways: by restricting initial absorption or by facilitating 
the diffusion of that which is absorbed. As previously 


mentioned, sources of hydrogen include flux moisture, flux 
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compound constituents, and atmospheric or work area 
contaminants. Therefore, hydrogen cannot be totally excluded 
but its concentration can be minimized so that no damage will 
@ccur (since we know from the theory of hydrogen embrittlement 


that there is a critical concentration). 


When welding high strength steels, low hydrogen processes 
are used to prevent cracking. The sensitivity of a particular 
steel may first be determined by reference to the Carbon 
Equivalence (CE), which is a simple mathematical relationship 
which expresses the effects of various alloying elements 1n 
terms of the carbon effect (on hardness). One of the numerous 


formulas developed is [46]: 


CE = C + Mn + Ni + Cr + Cu - Mo -V 

& ae) 10 4O Sov 1o 
which indicates susceptibility to cracking if the value 
exceeds 40. When a particular steel meets the criterion, a 
low hydrogen electrode is chosen to make the weld. These 


electrodes are produced under careful quality control so that 
the amount of moisture in the electrode is kept to a minimum. 
The higher the yield strength of the metal for which the 
electrode is intended, the lower the allowable moisture 
percent (for example E110XX electrodes which are rated at 119 
kSs1 {758 MPa} must be maintained at a moisture content below 
»-< percent). In order to retain the low moisture content, 


these electrodes must be transported = and stored in 


hermetically sealed containers and removed just prior to 
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welding. It is possible to bake the electrodes if high 
moisture content is suspected or if the time limit §~‘for 
exposure to the atmosphere has been exceeded (also a function 


of the electrode type). 


In order to further reduce the hydrogen level in the 
weld, it is possible to use a different welding process, such 
as Gas metal Arc (GMA) or Gas Tungsten Arc (GTA) welding. 
These processes employ inert gas to completely shield the weld 
area and do not employ flux. Similarly, the Submerged Arc 
Weld (SAW) process restricts atmospheric contamination by 
completely covering the work area with flux. The moisture 
problem is hence largely eliminated in welds employing these 
techniques. Figure 10 [48] compares the various welding 
processes in terms of potential hydrogen levels, a measure of 


the ability of the individual processes to exclude hydrogen. 


A final technique which may be employed to reduce the 
hydrogen level in the weldment is to heat treat the weld area 
subsequent to welding (called post heat treating). Since the 
solubility of hydrogen in the metal increases with increasing 
temperature, the effect of post heating is to allow time for 
the hydrogen to diffuse out of the weldment and into the 
atmosphere as hydrogen gas. The obvious drawback is the 
expense of providing and running electric heaters in addition 
to the incorporation of yet another thermal transient that 


must be controlled and accounted for. 


79 





“: SS 





(avian 30 6 QOT wad jw) 
VaA31 N3S0eddAH IWILNSLOd 


" TG 3 
é 8B i % 280 24 28 32 


WELD HYDROGEN LEVEL 
(ml per 100 g of deposit) 


between 


Relationship 


Fotential Hydrogen and Weld Hydrogen. 


FIGURE 10 - 


80 





The stress acting on a weld is a function of the weld 
size, fitup, geometry of the joint, and the yield strengths of 
the base and filler metals. Once a particular weld is 
specified, the only variable which can then be controlled is 
the fitup, which is quantified as the joint restraint. It has 
been found in practice that joint gaps in excess of 0.4 mm 
greatly increase the risk of cold cracking [48]. Thus, the 
control of the stress level in the weldment depends on good 
engineering practices, i.e. using the minimum strength weld 
metal allowable for the application, designing low stress weld 
geometries, and machining and cold working as necessary to 


achieve a close tolerance unstressed joint prior to welding. 


The microstructure in the vicinity of the weldment is 
dependent on the type of material being welded, the weld metal 
and on the thermal transient to which the region is subjected. 
As previously discussed, carbon steels are particularly 
susceptible due to the formation of martensite. The problem 
of susceptible microstructure can be corrected by choosing a 
different material for the specific component or by heat 
treating the weld after completion of welding to restore the 
microstructure in the HAZ to a more ductile configuration. 
The use of alternative materials is currently of major 
interest due to the recent development of HSLA Steels. 
However, given a specific material, the only solution to the 
microstructure problem is the application of heat to restore 
the properties of the weld region or to limit the cooling rate 


such that hard microstructures are not formed. 
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The last variable is of course the temperature level 
since hydrogen cracking can only occur at near ambient 
conditions. Thus maintaining the temperature above about 400 
degrees Fahrenheit until the hydrogen has diffused away and/or 
until the microstructure has been tempered will serve to 


prevent cracking. 


In a pragmatic sense the solution to the hydrogen problem 
is to know which material/environment combinations are 
susceptible and to remove one of the requisite conditions. 
This is certainly not the best answer in that process 
requirements such as pre and post heating and electrode 
moisture control are expensive and unreliable since they 
depend on procedures that must be strictly adhered to. In the 
far term, the codification of hydrogen damage into a reliable 
and acctrate mechanistic process may provide the answer for 
its prevention without resort to extravagant procedures. In 
the near term, the best answer is in the development of 
materials with adequate strength properties that are not as 
susceptible to damage, such as HSLA steel. Controls on the 
Size, shape and quantity of inclusions, minimizing the grain 
Slze, and optimizing the type and distribution of precipitates 


all serve to minimize the aggregate effects of hydrogen. 





3S. MATERIAL 

3.1 HSLA STEELS 

High strength low alloy (HSLA) steels represent the 
results of over half a century of research and development 
with alloying additions and heat treatment variations to 
Optimize mechanical properties. HSLA steels combine high 
strength with high toughness that 18 not significantly 
degraded by the thermal transients inherent to welding process 
during fabrication. At the current state of the art, HSLA 8O 
is being mass produced to a modification to ASTM specification 
A710 Grade A Class 3 with a minimum yield strength of 80 to 
99.5 ksi (SS2 to 686 MPa) and a fracture toughness of 60 ft 
lbs at © degrees F (81.4 joules at -17.7 degrees CC), 35 ft 
lbs at -120 degrees F (47.5 joules at -84.4 degrees C) C49] 
in order that it conform to HY-80O specifications (ASTM A 710 
Grade A Class 3 requires 85 ksi {586 MPa} yield strength with 
a fracture tougness of SO ft lb at -80 degrees F {67.8 joules 


at -62.2 degrees C} ([50]). 


The motivation for conformance to and proven parity with 
HY 80 requirements and specifications is one of economy. HY 
80 1S a quenched and tempered steel product that derives its 
yield strength from a tempered martensitic microstructure. 
The complicated heat treatment needed to manufacture the steel 
plate requires extensive controls in welding and fabrication 
in order that adequate strength and toughness are retained. 
HSLA 80, in deriving its mechanical properties from 


microalloying anda less exotic heat treatment process, is 





less difficult and hence less expensive to fabricate. 


The developmental histories of HY 80 and HSLA 80 are 
distinct in spite of their apparent similarity in mechanical 
properties. HY 80 and its HY 100 derivative are based on a 
German Erupp steel of the 1890's employing the C-Mn = system 
with a pearlitic microstructure [S51]. This steel, as forged, 
could be produced with a yield strength of up to about 40 ksi 
(275.8 MFa). Further strength improvements required quenching 
and tempering to produce the harder martensitic 
microstructure. With the increased use of welding in the 
fabrication process, the need arose for a high strength steel 
product with relatively low carbon content so that toughness 
could be retained. In addition, thick sections were required 
for desired structural applications. These requirements led 
to the development of the HY series of steels with relatively 
low carbon content (.18% maximum), a tempered martensitic 
structure, and alloy additions of Ni, Cr, Mn and Mo to attain 


the requisite through thickness properties [S52]. 


The development of HSLA steels was the result of an 
entirely different metallurgical process, the development. of 
which was chronologically later than the quenching and 
tempering of the C-Nn HY steels. The evolution of HSLA type 
steels dates from about the turn of the century when the 
design engineers of the Queensboro Bridge which was to span 
New York's East River requested a stronger steel to minimize 


structural dimensions and weight [S53]. In response to this 
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request, the Carnegie Steel Company developed what may be 
called the first "high strength low alloy" steel which 
contained 3.25 percent nickel. subsequent experimentation 
with additions of various elements to achieve higher strengths 
resulted in the identification of silicon and manganese as 
strength additives. The earliest "modern" HSLA steel was 
produced by US Steel in 1933 and marketed under the brand name 
Born tEN. This steel was a modern HSLA steel in that it 
combined the economically appealing attributes of high 
strength, high ductility, formability and weldability with 
adequate corrosion resistance. The unique combination of both 
high strength and high ductility was achieved by the addition 
of small amounts of various elements (including the 
everpresent carbon and the silicon and manganese mentioned 


previously) to create the "high strength low alloy" product. 


In their initial developmental stages, HSLA steels were 
called “weathering” steels with 4 to 8 times the corrosion 
resistance of carbon steel and yield strengths of about 50 ksi 
(344.7 MPa) C354]. A typical chemical composition of this 


type of HSLA steel is [55]: 


TABLE Sel 
HSLA WEATHERING STEEL COMPOSITION 
CARBON erie 
MANGANESE 0.35 
SILICON one) 
COPPER 0.40 
FHOSFHOROUS 0.10 
NICKEL 0.40 
CHROMIUM 0.80 





Carbon was added to increase strength since it was inexpensive 
and produced a yield strength increase of about .S ksi 
(3.5MFPa) per .01 percent. The preblem with simply adding 
carbon is that the strength increase 1s at the expense of 
lower ductility, motch toughness and weldability (later  HSLA 
steels limit carbon to low levels to improve toughness, 
Gaining strength from other alloy additions). Fhosphorous, 
silicon, copper and manganese were added to increase yield 
strength by solid solution strengthening. Manganese provided 
the additional benefit of combining with sulfur, ai common 
contaminant in the ingot melt due to its natural occurrence in 
iron ore. Sulfur has been blamed for the "hot shortness" of 
steel which manifests itself during hot working in the form of 
cracks or extremely roughened surfaces [CSS]. Manganese 
reduces the solubility of sulfur by forming the insoluble FeS 
compound. Copper also has a secondary beneficial effect in 
that it is by far the most potent of all common alloying 
elements in improving atmospheric corrosion resistance. 
Finally, chromium and nickel were added primarily to improve 
hardenability. The effects of these additions on yield 


strength are depicted in Figure 111. 


The "second phase" of HSLA development was ae direct 
result of the discovery that additions of small amounts of 
certain elements further improved yield strength by reducing 
the ferritic grain size. In the current lexicon, this process 


is known as microalloying. The first microalloying element to 


be used extensively in production mills was vanadium, 
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FIGURE 11 - Effect of Substitutional 
Alloys on the Yield Strength of Mild 
Steel. 
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imparting a 2 ksi (13.8 MFa) increase in yield strength for 
every .91 weight percent addition. These steels were called 
"controlled-rolled" steels since they were produced by rolling 
at lower than normal temperatures, taking advantage of the 
suppression of austenitic grain growth by the vanadium 


additive (C(S1j]. 


Niobium largely supplanted vanadium as the primary 
microalloying element as it became more readily available in 
the late 1950's. -xtensive research has been undertaken in 
order to understand the mechanism of niobium interaction so as 
to provide a basis for optimum alloy composition. In essence, 
this research [356] has revealed that niobium in supersaturated 
solution prior to hot deformation retards austenitic 
recrystallization by precipitation of very fine (about 20 nm) 
particles Of miobium carbonitride. The mechanism 1s 
postulated aS a pinning of the grain boundaries of the 
austenite so as to prevent grain growth, and is supported by 
theoretical energy balance considerations. The net result is 
an increase in yield strength of about 6 ksi (41.4 MFa) per 
»~-O91l weight percent or about 3S times the effect of vanadium. 
Since nature is rarely unilaterally benign, the quid pro quo 
for improved strength is reduced notch toughness. Restoration 
Of adequate notch toughness requires lower temperature rolling 
to produce ultrafine grain ferrite, an expense that must be 
considered as an offset to using less niobium than vanadium. 


A comparison of the grain size effects of niobium and vanadium 


is shown in Figure 12 (S57). 
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FIGURE 12 - Effect of Microalloy 
Content on Ferritic Grain Size. 
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In addition to the weathering and controlled-rolled WHSLA 
steels, specific material engineering requirements have led to 
the development of aonumber of other varieties including 
pearlite reduced, dual phase, acicular ferrite and bainitic 
HSLA steels (54,58). Pearlite reduced steels are simply those 
in which the carbon level has been decreased so that a reduced 
amount of cementite is available for pearlite formation. 
Adequate strength is attained through judicious addition of 
chromium, copper and especially molybdenum. Dual phase HSLA 
steels are comprised of islands of martensite or bainite in a 
ferrite matrix. The two phase microstructure is created by 
annealing an HSLA plate (after hot and cold rolling) in the 
austenite plus ferrite temperature range (about 1400 degrees F 
{760 degrees C}) to create islands of austenite. Subsequent 
cooling transforms the austenite to either bainite (slower 
cooling) or martensite (quenching), creating a dispersion of 
hard particles in the ferrite matrix [39]. Acicular ferrite 
HSLA steels derive their strength from the highly irregular 
ferrite grains that are formed when a bainitic transformation 
occurs. Since the acicular ferrite microstructure provides a 
large number of mobile dislocations and high residual 
stresses, these steels exhibit a high rate of work hardening. 
Finally, bainitic HSLA varieties combine low carbon levels 
with controlled cooling to produce nearly 100 percent bainite. 
Of Particular interest are the ultra low carbon bainitic 
(ULCER) steels which have high levels of manganese and some 
boron. These steels have a very fine grain size with 


excellent strength and toughness properties [51]. 
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On a somewhat independent path, the benefits of adding 
copper to the iron melt was recognized primarily as a 
corrosion resistant enhancement. Copper containing steel was 
actively marketed by the American Tin Plate Company as early 
as 1911 (354). In the early 1930's, research was initiated in 
order to ascertain the nature of the interaction between 


copper and iron so that strength and corrosion resistance 


could be Optimized through judicious choice af melt 
composition and heat treatment. The operative strengthening 
mechanism was identified as precipitation hardening. In an 


early work, Smith and Falmer [59] conducted a detailed study 
of the precipitation hardening phenomenon in order to 
determine its dependence on variations in heat treatment and 
composition. They concluded that steels which contained more 
than 0.7 percent copper were capable of being hardened by 
precipitation, the degree of strengthening increasing to a 


maximum at 1.5 percent copper and then declining. 


The process required solutionizing at above 1470 degrees 
F (799 degrees C) to ensure that all of the copper was 
dissolved in the iron matrix followed by air cooling (vice 
quenching) and subsequent reheating to precipitate the copper 
particles. Maximum hardness was obtained by reheating for 24 
hours at 842 degrees F (450 degrees C), 4 hours at 932 degrees 
F (S500 degrees C) or 15 minutes at 1112 degrees F (600 degrees 
i). Increasing the carbon content was found to reduce the 
improvement in yield strength due to copper precipitation 


while increasing the overall yield strength of the steel due 
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0) higher base levels inherent to increased carbon 
concentration. An example of a typical steel (containing 1.45 


percent copper and .202 percent carbon) is as follows: 


TABLE S.¢2 


PRECIPITATION HARDENED COPPER STEEL 





YIELD TENSILE ELONGATION RED. OF 
STRENGTH STRENGTH 2 IN AREA 
KSI (MPa) KSI (MPa) (SO mm) (4) 


NORMALIZED TO 
Mey DEGREES F 69.6(479.8) SS.2 (a7) 27 ao oige| 
m7? DEGREES C) 


REHEAT TO 842 

DEGREES F (4350 

DEGREES C) FOR 9%70.0(620.95) 107.8(0743) 
FOUR HOURS 
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> 
OM 


The primery perceived benefit of the copper steel heat 
treatment was that a stronger product could be produced 
without resort toa quenching with its attendant danger of 
warping and crackings the required heat treatment being 
relatively benign and simplistic. Historical hindsight 
reveals a different benefit; that of the forerunner” to 
microalloying as a strengthening technique in general and of 


the copper precipitate HSLA 80 in particular (601. 





3.2 A710 CLASS 3 HSLA STEEL 


3.2.1 DEVELOPMENT 


The combination of copper precipitation hardening to 
niobium microalloyed HSLA steels led to the ultimate 
development of the Navy’s HSLA 8O. In spite of the fact that 
copper precipitation was recognized as a viable hardening 
mechanism as early as 1933, commercial development of copper 
bearing steels was limited to the improved corrosion 
resistance and mild strengthening until as late as 1967 [60]. 
The significance of the cooling rate in controlling the amount 
of copper in solution for subsequent aging precipitation 
having not been fully appreciated, producers could not achieve 


an economically viable steel product. 


In the mid 1960's, industrial demand for a high strength, 
high toughness, weldable and relatively economic steel led to 
the reevaluation of the potential for copper steel 
strengthening. Drawing on the experience of United States 
steel in their manufacture of COR-TEN (0.40% Cu, .30% Ni) and 
on the demonstrated effects of niobium in improving strength, 
the International Nickel Company (INCO) undertook a 


composition study of an age-hardenable nickel-copper-niobium 


steel fon). The development of the steel was based on the 
choice Gt copper to provide age hardening through 
precipitation of the epsilon phase. The cooling rates needed 


to retain the copper in solution and the subsequent heat 
treatment required to precipitation harden the material were 


anticipated to be readily adaptable to existing mill 
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facilities and procedures. The primary disadvantage of copper 
im steel is its tendency to cause edge cracking during hot 
Bolling. Consequently, nickel was chosen as the second major 
alloying element since the hot shortness effects of copper 


were known to be mitigated by the toughening effect of nickel 


when added in aratio of at least 1 Ni to 2 Cu. The third 
major alloying element chosen was niobium due to its 
demonstrated strengthening effect when added in small 


percentages. 


Initial experimentation with small steel heats focussed 
on studying the effects of varying the amounts of the primary 
constituents (plus carbon) on the mechanical properties of the 
product. This compositional study indicated that 1.3 % copper 
provided optimum strengthening, that .85% nickel prevented 
edge cracking and improved toughness and that .93% niobium 
would significantly improve strength. Carbon, the traditional 
steel strengthener, was found to have only a moderate effect 
on ultimate tensile strength and virtually no effect on the 
yield strength while lowering the reduction of area from 75.2% 
at .02% carbon to 39.0% at .19% carbon, a considerable loss in 
eu@etility. Freliminary investigations of the effects of 
molybdenum, manganese and chromium gave evidence of strength 
improvements at the expense of notch toughness. Finally, 
lower hot rolling finishing temperatures were prescribed as 
beneficial to yield stress. The product steel, named 


"Nicuage" C62] was recommended with the composition and 


properties delineated below: 
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TABLE $.3 


NICUAGE PROPERTIES 


CARBON 0.905 
MANGANESE 0.55 
SILICON 0.28 
NICKEL 0.970 
COPPER eo 
NIQRIUM QO.03 


FINISHING TEMPERATURE 1600 DEGREES F 
(S747. 4 DEGREES” ©) 


YIELD POINT ZO TOO RS 1 
(482.6-689.4 MFa) 

With the advent of pipelines extending to the farthest 
and coldest reaches of the North American Continent came the 
need for pipeline steels that could withstand the permafrost 
SOil conditions. Although "Nicuage" had shown good notch 
toughness at moderately low temperatures (.5 inch {12.7 mm? 
plate had a notch toughness of 71 ft lbs at -75 degrees F 
176.5 joules at -59.4 degrees C} and .325 inch (8.26 mm} plate 
hed a notch toughness of S3 ft lbs at -100 degrees F {71.9 
joules at -73.3 degrees C} [61]), the arctic requirement was 
more stringent. In the early 1970's the International Nickel 
Company developed IN-787 as a modification to Nicuage to meet 
these requirements. The primary difference between the two 
steels was the addition of small amounts of chromium and 
molybdenum so as to delay autoaging on cooling after hot 
rolling to optimize the benefits obtained from the aging 
treatment C63]. Modification of the aging time and 


temperature parameters revealed that the notch toughness could 





be substantially improved by prescribing a specific heat 
treatment process. Optimal low temperature toughness (the 15 
ft lb {20.3 joules} Charpy V-notch transition temperature 
was measured at -115 degrees F ¢-81.4 degrees C} as compared 
to -15 degrees F {-26.1 degrees C} for Nicuage) was achieved 
by austenizing the steel at 1650 degrees F (898.8 degrees (C) 
for 30 minutes followed py water quenching and a one hour age 
at 1200 degrees F (648.9 degrees C). The composition was as 


specified below: 


TABLE 3.4 
IN-787 COMPOSITION 
CARBON 0.04 
MANGANESE 0.50 
SILICON Geez 
FHOSPHOROUS 0.025 
SULFUR 0.025 
NICKEL 0.90 
CHROMIUM 0.60 
MOLYBDENUM 0.20 
COPFER zt 
NIOBIUM Ores 


Subsequent to the development of IN-787 as a line-pipe 
steel for cold weather applications, it became evident that 
its excellent toughness and relatively high strength would 
make it a potential candidate for offshore and ship hull 
applications. Consequently, a three year test program was 
undertaken to determine its performance in the corrosive sea 
water environment [64]. Having previously established the 
strength and toughness properties of the steel, it remained 


Only to determine the corrosion behavior of the base plate and 
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of welded sections (as virtually all marine structures are 
welded vice riveted). General corrosion was determined to be 
less than that for other low carbon steels currently in use by 
the marine industry. There was no evidence of selective 
corrosive attack at or near the weldments. Stress corrosion 
cracking was evaluated by subjecting weld metal and base plate 
U-bend specimens (the U-bend providing the requisite tensile 
stress) to sea water. The specimens were cathodically charged 
to -1250 mv referenced to a saturated calomel electrode to 
create a hydrogen charging environment (the potential of steel 
cathodically protected by zinc anodes is about ~—-1000mv) 
oo, 47,65). The IN-787 alloy exhibited excellent See 
resistance; no cracks were observed after a period of more 
than one year. The conclusion reached was that IN-787 could 
be used with confidence by the offshore and shipbuilding 
industries. A standard specification for the steel was 
requested and approved by the American Society for Testing and 
Materials as ASTM A710 in 1979 [So]. The composition is 


specified in Table 3.5 below. 








TABLE 3.5 
ASTM A710 GRADE A HSLA STEEL 

CARBON ©. 07 
MANGANESE O.40-0.70 
FPHOSFHOROUS 0.025 
SULFUR 0.025 
SILICA 0.40 
NICKEL 0.70-1.00 
CHROMIUM 0. 60-0. 90 
MOLYBDENUM 0.15-0.25 
COPPER 1.00-1.30 
NIOBIUM 0.02 





The demonstrated potential of HSLA steels for ship 
applications effectively mandated an official evaluation by 
the U. SS. Navy, an historical supporter of the research and 
development of high strength steels. An exploratory 
development program was thus started in 1981 by the Naval Sea 
Systems Command (NAVSEA) to identify candidate steels for 
warship hull and topside structural applications. The impetus 
for the program was economic in the sense of reduced 
fabrication expense and in the sense of reduced "weight 
expense". Reduced fabrication costs were postulated on the 
advertised (and to some extent demonstrated) weldability of 
HSLA steels without the need for expensive preheating and 
postheating of the weld joint. Reduced "weight expense" was 
also related to weldability in that the stronger HSLA could be 
used to replace the ubiquitous High Tensile Strength (hills) 
steel ain thinner sections without additional material and 
fabrication costs. Since structural weight comprises the 
largest total percentage of a ship’s overall displacement, 
reducing this weight could provide either a smaller vessel 
with the same operational capability or allow for increased 
payload weight for a given displacement vessel to enhance 


mission performance. 


At its inception, the NAVSEA program was directed at the 
development of thin section HSLA steels for lightweight 
topside structures and thick plate high toughness steels for 
hull and framing applications. The thin section program task 


was distinct in that it focussed on the use of existing HSLA 
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steels to take advantage of their formability in ship 
deckhouse construction. The development of HSLA varieties 
with enhanced strength and toughness was hence not required as 
yield strengths in the range of 69 to 80 ksi (413 to SS2 MFa) 
were readily attainable in numerous existing production 
steels. Following an evaluation of these steels, Republic 
Steel Corporation's MA~-60 was chosen as prime candidate for 
thin sheet truss cored panel assemblies (yield strength 6% 
ksi (448 MFat}) and Maxiform-80- for orthotropic panel 
construction [66]. Roth steels conform to ASTM Specification 
A71is, a high strength low alloy steel with improved 


formability with specifications listed in Table 3.6 below 


oy 1: 
TABLE 3.6 
ASTM A715 HSLA TYPE 7 PROPERTIES 
CARRON Oni 5 
MANGANESE 1.65 
FHOSFHOROUS O2OZs 
SULFUR OO. OSo 
NIORIUM O.005 
SILICON 0.60 
NITROGEN 0.020 


GRARE £0 GRADE 7° 


Neve Pea EN 
ESI (MFa) 60 (415) 79 (485) 


TENSILE STRENGTA 
KSI (MPa) 70 (4853) 80 (S50) 


ELONGATION IN 
* INCHES (50 mm) 


ht 
tJ 
h 


The thick section developmental task was much broader in 


scope in that it involved exploratory development of an HSLA 
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steel for near term ship construction that was similar to HY 


SQ. The task thus involved not only the identification § of 


candidate steels from among current steel products but the 


study of derivative products with specific desirable strength 


and toughness properties. Specifically, the approach used was 


to: 


(1) Survey domestic steel procedures. 


(2) Froctutre and characterize candidate steels. 


(3) Conduct weld process development. 


(4) Select a primary candidate HSLA steel. 


(3S) Characterize the properties of the candidate steel. 


(6) Characterize the properties of the candidate steel 


weldment. 


(7) Conduct shipyard producibility studies. 


(8) Conduct fragmentation and crack arrest evaluations. 


The specific property requirements of 3/16 to 3/74 inch (4.76 


to 19 mm) steel plate are listed in Table 3.7 below (491: 
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TABLE 3.7 





I. PLATE 





YIELD STRENGTH (.22%4 offset): S9-77ea HSL (SS2-686 MFa) 
ELONGATION: 20 % MINIMUM IN 2 INCHES (S50 mm) 


CHARPY V-NOTCH TOUGHNESS (>1/2 INCH {12.7 mm} PLATE): 


Soeeiiaetoo ol OSDEGREES F (61.4 J AT -17.7 DEGREES C) 
Seer io so eat )—-12OSDEGREES F (47.3 J AT -G4.4 DEGREES C) 


DYNAMIC TEAR TOUGHNESS: 
450 FT-LES AT -40 DEGREES F (610.2 J AT -40 DEGREES C) 
11. WELD METAL 
YIELD STRENGTH: B2-94 KSI (565.3-648 MPa) 
CHARPY V-NOTCH TOUGHNESS (>1/2 INCH (12.7 mm} PLATE): 


SS esow eon DaGrtemeo Ff (81.4 J AT -17.7 DEGREES C) 
Soaps bo wnt soO DEGREES — (47.5 J AT ~3si.1 DEGREES C) 


DYNAMIC TEAR TOUGHNESS: 
Toommiaetoeme is os) DEGREES — (376.35 J AT -1.1 DEGREES C) 
Se Ce taeso ales eO DEGREES F (407 J AT -2&.8 DEGREES C) 
Other requirements for the 8O ksi (351.5 MPa) WSLA steel 
included structural assessment, equivalence to HY 80 in 
fracture toughness and corrosion performance and weldability 


and process development. 


The feasibility study was completed in 1983 and resulted 
in the selection of two candidate materials for extensive 
characterization. The candidate steel with the greatest 
potential for HY 80 comparability with minimum production and 
fabrication costs (as measured by the need to preheat welds 
for satisfactory joint properties) was ASTM A710 Grade A, the 


Precipitation hardened copper steel originally developed by 


101 





the International Nickel Company for arc tac linepipe 
applications. It was further determined that the ASTM 


standard would have to be modified for Navy applications. 


Studies conducted in 1982 and 1983 (£51,68] estimated the 
cost savings for the use of HSLA in place of HY 80 and the 
weight reduction (and small cost penalty) for the use of WHSLA 
in thinner sections in place of HTS. The results, summarized 
in Table 3.8, show that Navy shipbuilding costs could be 
reduced by O.2 to 1.0 billion dollars per decade and that the 
weight of a cruiser or destroyer could be reduced by about S00 
tons at a cost of under 2 million dollars. These obvious 
tangible benefits of HSLA research and development gave 
impetus to an acceleration of the certification process that 
led ultimately to its virtual completion in early 1984. HSLA 
has since been introduced to the fleet in new ship 
construction and has been designated for use in future design 


projects. 
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A. 


B. 


C. 


D. 


TABLE 3,8 


PROJECTED USAGE, COST SAVING AND WEIGHT SAVING PATA 


(UNITS IN LONG TONS WHERE 1 LT = 2240 LES = 1000 Kq) 


TYPICAL HY BO/HY 100 AND HTS USAGE (TONS) BY SHIP TYPE: 


HY 8 HY 190 HITS 
CARRIERS 1496 eligi 7 Zeal) 
CRUISERS 7O7. = aS me la Dea) 
DESTROYERS 707 Q eee ee a7) 
SUBMARINES iO Soe OSS Q G20 270 
PROJECTED HY 80/7 HY 100 AND HTS USAGE BY DECADE: 
HY 80 HY 100 HTS 

1983-1993 188,700 96,100 979,000 
1993-2003 139,800 92,400 620,000 
TOTAL 348 , S00 188 , 500 12 70), OOO 
COST SAVINGS FOR HSLA REPLACEMENT OF HY STEELS: 
BASIS: HY 80/HY 100 AS FABRICATED COST £6-37/7\E 

HSLA HASE METAL SAVINGS $.20-3, 30/LE 

HY 80/HY 100 FREHEAT COSTS $.20-%.40/LB 

NET HSLA COST DIFFERENCE $.40-3.90/LE 
CRUISER: $485 ,000-£1,090,000 FER SHIF IF 

ONE HALF HY 80 REFLACED 
CARRIER: Poo uses eon, 00,000 PER SHiP iF 
ONE HALF HY 80/HY 100 REFLACED 

WEIGHT SAVINGS FOR HSLA REPLACEMENT QF HTS STEELS: 
BASIS: NET WEIGHT REDUCTION 10-30 PERCENT HTS 

NEW COS) “PENGLTY *+.35/LB 
CRUISER: 279-810 TON WEIGHT REDUCTION FOR 1,908,000 


DESTROYER: 220-660 TON WEIGHT REDUCTION FOR #1,560,000 
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3.2.2 METALLURGY AND HEAT TREATMENT 


As part of the certification process, the metallurgy of 
ASTM A719 was studied extensively, and the optimum heat 
treatment was developed for desirable metallurgical properties 
C693.The paramount importance of studying the effects of heat 
treatment on the mechanical properties of HSLA arises from the 
use Of thermally induced microstructure changes to achieve the 
high strength and toughness of the product. The reduction of 
the grain size and the extent of precipitation hardening are 
both determined by the thermal history of the alloy system. 
Further, the weldability of HSLA is related to thermal effects 
in that welding 1s essentially a smaller scale version of the 
initial fabrication process. (i.e. the material in the region 
of the weld joint is subjected to thermal gradients analagous 
to those experienced during plate manufacture without the 
rigorous controls available on the steel mill production 


line). 


The recommended heat treatment for ASTM A710 Grade A 
Class 3 steel is austenitization at 1650 degrees F (898.9 
degrees C) for 68 minutes, water quenching, and aging at 1100 
degrees F (593.3 degrees C) for 30 minutes followed by = air 
cooling (the temperatures are mandatory while the times are at 
the discretion of the manufacturer). The "soaking" period at 
the austenitization temperature allows for a certain amount of 
copper to go into solid solution. When the steel is quenched, 


this copper remains in solution in a super-saturated condition 


and does not contribute appreciably to strength (which at this 
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point is about 60 ksi (413.6 MPa). Aging the steel at 1100 
degrees F (593.3 degrees C) allows the copper to come out of 
solution aS a precipitate to impede dislocation motion, 
thereby raising the yield strength to the 80 to 90 ksi (351.5- 
620.9 MPa) range. Niobium also contributes to the 
strengthening of the steel by inhibiting the growth of ferrite 
S0 as to produce very fine grains (approximately ASTM 19). As 
previously discussed, the use of precipitation hardening for 
strength reduces the dependence on carbon as a strengthening 
agent and hence allows for a more weldable product. Nickel is 
added to eliminate the hot shortness effects of copper and 
small amounts of chromium and molybdenum are added to preclude 
auto-aging (1.€. copper precipitation) after hot-rolling. The 
ASTM designation A710 also specifies requirements for a lower 
toughness Grade & steel without chromium and molybdenum = and 
for a Grade A Class 1 steel which 1s aged in the as-rolled 
Somadition. A Grade A Class 2 steel 18 additionally specified 
which is aged after normalizing. Grade H heat treatment 15 


the same as that for Grade A Class 1. 


In order to determine the effects of heat treatment on 
ASTM A710, mechanical properties were measured after 
austenitization for as short as 30 minutes and for as long as 
90 minutes at 1650 degrees F (898.9 degrees C) followed by 
aging at 900, 1000, 1100 and 1200 degrees F (482.2, 537.8, 
273.5 and 648.9 degrees C) for 30,60 and 90 minutes [69]. Re 
was determined that the time variations in both austenitizing 


and aging treatments had very little effect on mechanical 





properties. The aging temperature variations, on the other 
hand, indicated that low temperatures (9700 degrees F ‘¢482.2 
degrees C}) produced higher yield strengths at the expense of 
lower toughness and that high temperatures (1200 degrees F 
{648.9 degrees C}) caused a coarsening of the grains resulting 
in sharply lower flow stresses. The relatively benign 
Variation in the strength and toughness properties of the HSLA 
steel With thermal transients was concluded to be of major 
importance in relation to its weldability, particularly since 


Ooveraging would only increase the impact resistance. 


The mechanical properties of ASTM A710 HSLA steel were 
determined by an extensive experimental evaluation of fifteen 
different commercially produced plates ranging in thickness 
from 3/16 to 1 174 inch (4.76 to 31.75 mm) iinmeluding both 
Class 3 (quenched and aged) and Class 1 (as-rolled and aged) 
varieties [49]. Tension test results showed that all plates 
exceeded the 80 ksi (3551.5 MPa) minimum strength requirements 
and that two plates exceeded the specified 99.5 ksi (686 MFa) 
maximum strength. Ductility requirements of 20 percent 
minimum elongation over a two inch (50 mm) gage length were 
met by all but one plate type. The impact toughness test 
results were far more revealing in terms of material 
characterization and selection in that three distinct groups 
were identified (see Figure 13). The Class 1 plates did not 
meet the Charpy V-notch (CVN) requirements of either 60 ft lbs 
at O degrees F (81.4 Joules at -17.7 degrees C) or 35 ft lbs 


at -120 degrees F (47.5 Joules at 84.4 degrees C). The Class 
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= plates were found to have excellent toughness properties 
(CVN greater than 100 ft lb at -120 degrees F {135.6 Joules at 
-84.4 degrees C3) only if they had received inclusion shape 
control during fabrication. Inclusion shape control Grok) 
refers to the addition of calcium to the melt during the steel 
making process to spheroidize sulfur inclusions and thereby 
mitigate their harmful effects on toughness (the irregular 
inclusion surfaces serving as crack initiation sites). The 
Class 3 plate without inclusion shape control was found to be 
within specification with one exception for a plate with 
sulfur concentration in excess of .0O10., Sulfur, a natural 
contaminant of the steel making process is limited to a 
maximum of .025 in the ASTM A710 classification. Based on 
these results, recommendations for a modification to the ASTM 
A710 designation were made for the fabrication of HSLA 80 for 
ship construction purposes: 

(1) ASTM A719 Class 3S heat treatment. 

(2) Inclusion Shape Control. 

(3) Sulfur to be limited to a maximum of .010. 
With the modifications prescribed above, ASTM A719 Class 3 
steel was determined to meet all NAVSEA mechanical property 
requirements for ship construction over the thickness range 


evaluated. 
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3.2.3 WELDING AND EFEABRICATION 

As the key selling point of the HSLA program, the economy 
of less stringent welding procedures in fabrication 
applications required extensive demonstration. HY 80 has been 
in widespread use by the Navy for more than twenty years with 
great SUCCeSS in high strength and high toughness 
applications. The inherent conservatism in design procedures, 
particularly where material applications are concerned, favors 
its continued use. In point of fact, however, HY 80 is 
expensive and if the same thing can be done cheaper it is 
worth the investigation. The expense of HY 80 stems primarily 
from its susceptibility to cold cracking or hydrogen cracking. 
This susceptibility 185 quantitatively expressed by its 
relatively high Carbon Equivalent Index (CE) of 0.40 due to 
high nickel and carbon concentrations. The result is that HY 
BO must be preheated to keep the hydrogen out of the weld 
metal and the heat affected zone. The prescribed minimum 
preheat and interpass temperatttrres are 200 degrees F (93,3 
degrees C) for thicknesses over 1.125 inches (28.6 mm), 125 
degrees F (S1.7 degrees C) for thicknesses between .35 inches 
(12.7 mm) and 1.125 inches (28.6 mm) and 60 degrees F (15.6 
degrees C) below .S inches (12.7 mm). In that maintaining 
this temperature is expensive (and in some applications 
physically difficult), the fact that HSLA with its CE of only 
-249 15 not susceptible to hydrogen cracking makes it a viable 


alternative. 


The certification program [70] investigated the welding 


Poe, 





of HSLA using the four processes expected to be used in 


production applications: 


(1) Submerged arc welding (SAW) for flat position 
automated modular construction. 

(2) Shielded metal arc welding (SMAW) for all position 
repair capability in difficult access areas. 

(3) Gas metal arc welding (GMAW) for precision welding. 
(4) Flux cored arc welding (FCAW) for all position 


welding capability with high deposition rates. 


HY 80 welding consummables were specified due to their 
availability and proven performance (MIL-E-23765/2 Type 1008-1 
for SAW and GMAW, MIL-E-11018 for SMAW and MIL-E-1901TM~ for 
FCAW) C71j. The evaluation program was subdivided into four 


segments to meet all specification requirements: 


(1) Weldability and weld repair were determined by 
indirect testing to compare HSLA to HY 8O (implant test 
to measure hydrogen cracking susceptibility and 
varestraint test to measure hot cracking resistance) and 
by direct testing to assess the fabricability of HSLA 
(keyhole test to assess root cracking, controlled thermal 
severity test to evaluate heat input effects, cruciform 
test to evaluate fillet and tee welds and the circular 
patch test to assess high restraint multiple pass 


welds). 
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(2) Weld process development was undertaken to determine 
the welding parameters and preheat temperatures needed to 
produce acceptable welds. The control variable for the 
production of acceptable weldments was the weld metal 


cooling rate. 


(3) Dissimilar metal welding was evaluated by producing 
welds of HSLA and HTS and HY 80 and HY 100 so as to 
determine the metallurgical compatability of the 


resultant joint. 


(4) Shipyard producibility was determined by performing a 
broad range of fabrication exercises in the shipyard 


environment. 


The results of the certification program were as expected 
in that the weldability of HSLA was determined to be superior 
to HY 80 with comparable yield strength and toughness 
properties. The minimum required preheat temperature for 
welding HSLA in critical applications was found to be 60 
degrees F (15.46 degrees C) while a minimum weld metal cooling 
rate of 10 degrees F per second at 1000 degrees E Caieo 
degrees C per second at 537.8 degrees C) was measured. The 
required combination of welding heat input, plate thickness 
and preheat temperature to achieve this cooling rate are shown 
in Figure 14. This limit is necessary to assure adequate weld 
metal mechanical properties. Weldments of HSLA and HTS, HY 8O 
and HY 100 were all determined to be satisfactory when 


fabricated with the welding procedures as specified by the 
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more critical alloy. Froduction welds made at Ingalls 
Shipbuilding and Design in Fascagoula, Mississippi and at the 
Bath Iron Works in Hath, Maine were successful with reduced 
fabrication costs [72]. HSLA 80 hence met all program goals 
with regard to the ability to produce satisfactory metal 


joints at reduced expense. 


3.2.4 CORROSION PERFORMANCE 


In the field of Materials Science, quantitative measures 
of corrosion performance (with the possible exception of 
general corrosion) are perhaps the most empirical of all 
property measurements. Strength is accepted based on a 
standard tension test and toughness on the Charpy test but 
corrosion resistance must be based on actual “time in the 
water" experiments. Results typically consist of a simple yes 


or no answer based on whether the material exhibited degraded 


behavior when exposed to sea water. Unfortunately, 
extrapolation of data for long term applications is a 
relatively tenuous proposition, for if a material doesn’t 


crack after one month’s exposure one cannot say unequivocally 
that it won’t crack after one year. Consequently, experiments 
ere often long term propositions and intermediate results and 
"testing in progress" caveats prevail. In the case of HSLA 
80, the requirement to demonstrate equivalence to HY 80 
mitigates the experimental conundrum to the extent that side 
by side samples of each can be compared after reasonable 
intervals and parity established with some degree ot 


certainty. 


The certification program for HSLA BO consisted of a 
demonstrate HY 80 equivalence for general corrosion, galvanic 
Corrosion, crevice corrosion and stress corrosion cracking 
eye). General corrosion or uniform attack is the most common 
form of corrosion, consisting of an electrochemical reaction 


which occurs over the entire surface exposed to the 
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electrolyte. Although it represents the greatest material 
loss to corrosion of all the various modes possible, it is of 
limited technical concern as it can be readily measured = and 
compensated for. For WHSLA 8O certification, its general 
corrosion behavior was compared to six other materials when 
exposed to total seawater immersion, alternate wetting and 
drying and marine atmosphere for periods up to and including 
three years of which two years have been completed to date. 
Results confirmed that HSLA 80 general corrosion behavior was 


Similar to other standard materials tested with rates of about 


Y mils per year (127 microns per year) in both flowing 
seawater and partial immersion tests and 2 mils per year (50 
microns per year) in the atmospheric tests. The maximum pit 


depth was also characterized as analagous to existing steel 
products in reaching a maximum of about 25 mils (635 microns) 
after one year with no significant growth with increased 


exposure. 


Galvanic corrosion is the establishment of an 
electrochemical cell with two coupled dissimilar metals acting 


as the electrodes and an aqueous solution such as sea water 


acting as the electrolyte. Pure materials differ in their 
electronegativity from the noble gold to the reactive 
Magnesium. Alloys of pure metals reflect their constituents 


to the extent that varying the relative amounts of the same 
materials changes the electronegativity of the resultant 
alloy. Thus, though HSLA 8O and HY 8O contain the same basic 


ingredients, they differ in their electronegativity. Galvanic 
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corrosion tests of these two materials when electrically 
coupled indicated that HSLA 80 was mildly anodic to HY 80 
since its corrosion rate increased from 3S mils per year (127 
microns per year) to % mils per year (229 microns per year) 
whereas that of HY 80 decreased from 3 mils per year (127 
microns per year) to 2 mils per year (50 microms per year). A 
Galvanic couple between HSLA 80 and HTS, on the other’ hand, 


produced no preferential corrosion indicating electrochemical 


compatability. 


Crevice corrosion is a geometrically induced anodic 
dissolution of material due to the presence of a restriction 
to the free flow of electrolyte. This restriction leads to a 
so-called differential aeration between the material within 
the crevice and that without as the oxygen within the crevice 
is depleted and cannot be replaced. When the oxygen 158 
depleted, the dissolution of metal continues and an excess of 
positively charged metal ions builds up in the crevice. The 
positive charge attracts negative ions such as chloride which 


react with the metal ions to produce hydrochloric acid and 


C4 


metal salts. The resultant lowering of the FH (to the 2 to 
range) accelerates the dissolution rate in the crevice causing 
rapid pitting. Testing of HSLA 80, performed by creating an 
artificial crevice with a plate mounted washer, indicated that 


it was not susceptible to crevice corrosion. 


The mechanisms and theories of SCC have been addressed at 
some length ina previous section as they are the focus of 


this research. As discussed therein, susceptibility to SCC 


Le 


must be determined by experimentation with specific alloys in 
specific environments owing to the lack of a universal closed 
form mechanistic solution. To date, the evaluation of HSLA 8O 
SCC susceptibility has included the performance of bent beam 
tests, U-bend tests and precracked cantilever beam tests 
C49,72). The bent beam tests consisted of loading 12 inch 
(30.5 cm) specimens to 75 to 970 percent of yield strength = and 
placing them ina flowing seawater trough for a period of one 
year. Half of the specimens were cathodically protected by 
attached zincs. Inspection of the beams after the 
experimental period revealed that no cracking had occurred on 
any of the specimens. The U-bend tests were conducted in low 
Velocity seawater, marine atmosphere, and sulfide bearing mud 
with electrochemical potentials of free corrosion, zinc 
cathodic protection and overprotection (hydrogen generation). 
The testing period was 32 years for base plate and 2 years for 
weldments. No detectable cracking has been observed. 
Cantilever beam specimens were precracked and loaded to 
varying values of stress intensity to determine that required 
for fracture (KE ee The values reported are not valid in 
ISCC 
that specimen dimensions did not meet the plastic zone size 
requirement of ASTM procedure ES99 (which would have required 
R specimen about 4 inches or about 10 centimeters eine G hoe. 
Since this experimental flaw is also true for for HY 80 
(as 1t is generally true for all high toughness materials), 
comparability can be established. The reported values for 


H 


“sy Were: 
ISCC 





(1) 93-98 ksivVin (102.2-107.7 MPadm) for baseplate 

under cathodic protection in seawater (HY 80 K is 100 
Pace 

ksivin €109.9 MPavm}). 

(2) 93-1135 ksiviAn (102.2-124.2 MPavm) for weld metal 

under cathodic protection in seawater. 


we eyo. Os ksiVvin (104.4-112.1 MFa’m) for the heat 


affected zone under cathodic protection in seawater. 


The overall results of the SCC testing indicated that HSLA 
plates and weldments in thicknesses ranging from 3/16 to 1 1/4 
inch) =(4.76 to 31.75 mm) were not susceptible to SCC and that 


their performance was comparable to HY 80. 





3.2.9 CONCLUSIONS 

Based on test results to date, one must conclude that 
HSLA 80 is an excellent candidate for ocean structure 
applications. It has the strength and toughness of HY 80 and 
the weldability and workability of HTS, thus providing a 
seeming panacea to the cost conscious production enterprise. 
The official recommendation for use of HSLA 80 in the 
construction of U. §. Navy ships was made in 1984 [49]. ASTM 
A71O Class 1 Steel was subsequently certified for use in thin 
section products (less than 3/16 inch 7.94 mm}) and ASTM A710 


Class 3 was certified for thicker sections (up to 1 1/4 inches 


(31.75 mms) with the following modifications: 


eo Sulfur content less than .010 percent (as opposed 
to .025 percent) to ensure adequate toughness. 

(2) Inclusion shape control (1S) required to 
spherodize the sulfur inclusions for adequate toughness 


at low temperatures. 


The resultant steel product was further designated HSLA 80 to 
distinguish it from ASTM A710 as a low alloy steel for naval 
ship construction. Fabrication guidelines provided for the 
use of existing HTS welding procedures with certified HY 80 
welding consummables. Satisfactory welding was predicated on 
maintaining a cooling rate of at least 10 degrees F per second 
at 1000 degrees F (5.6 degrees C per second at 5327.8 degrees 


i) . 





HSLA 80 has since been designated for use in future naval 
surface ship construction. Although no new material can be 
fully proven until service use has been demonstrated, the 
extensive testing program conducted on thin section HSLA makes 
its future satisfactory performance highly likely. The 
susceptibility of HWSLA to hydrogen embrittlement (HEM) has 
not been studied, however , and hence warrants further 
investigation. Future applications await testing of thick 
section WHSLA 80 plate and development of a higher strength 
product with the same toughness and fabrication benefits. The 
experiments conducted in this research study were carried out 
on 2 inch (SO mm) thick sections of HSLA and hence should 
contribute to the certification of thick plate for military 
Lise. In addition, a detailed investigation of the effects of 


hydrogen on HSLA is included in the experimental program to be 


discussed in succeeding sections. 





3.3 MECHANICAL PROPERTIES 


Two imch thick steel plate was provided by David Taylor 
Naval Ship Research and Development Center (DTNSRDC) , 
Annapolis, Maryland. The plate was manufactured by the Lukens 
Steel Company (heat number D6873) based on specifications for 
HSLA 80 provided by DTNSRDC. Chemical composition, heat 
treatment and mechanical properties were provided by the 
manufacturer and are listed in Table 3.9. Local testing was 
performed to certify the manufacturer's data and to gain some 
experience with HSLA for future experimental interpretation. 
The importance of microstructure to the behavior of a material 
when subjected to environmental testing mandated a relatively 
thorough microstructural evaluation. Specimens were extracted 
from a section of plate that was shipped prior to the 
completion of the welding for this purpose. All orientations 
within the as-received plate section were investiqcated to 
determine the homogeneity of Nes material. Through thickness 
variations in material properties were considered of 
particular significance due to the thickness of the plate. In 
addition to microstructural evaluation, tensile testing, 


hardness testing and Charpy impact testing were conducted. 





TABLE 3.9 





MANUFACTURER ’S DATA 
2 INCH (50 mm) HSLA 8O PLATE 


Ee COMPOSITION (WEIGHT PERCENT): 
CARBON 0.06 
MANGANESE Ono 
FHOSFPHOROUS OoO1s 
SULFUR O.004 
COFPFER 1.16 
SILICON 0.28 
CHROMIUM OL7sa 
NICKEL O.88 
MOLYBDENUM Ofer 
NIOKRIUM 0.039 
ALUMINUM OOS 
II. MECHANICAL FROPERTIES: 
Heyy tel D STRENGTH 87.9 KSI (606 MF'a) 
UFFER YIELD FOINT 89.9 KSI (628 MF'a) 
ULTIMATE TENSILE STRENGTH 103.6 KSI (723 MFa 
REDUCTION OF AREA 74.0 PERCENT 
ELONGATION 30.0 FERCENT 
CHARPY ENERGY (AVERAGE OF 3 VALUES) IN FT-LBS (Joules): 
a) oO oO 
-120 F -50 F OF 
TOF 46.7 (635.3) Peeeo C17 sv6) 226.7 (307.4) 
ROTTOM Sem be oe to 1 S2..7 (180.0) 174.0 (236.90) 
III. HEAT TREATMENT? 
Oo Oo 
AUSTENITIZED AT 1650 F (898.9 CC) FOR 60 MINUTES 
WATER QOUENCH 
oO Oo 
AGED AT 900 F (482.2 C) FOR 60 MINUTES 


AIR COOLED 


bh 
KJ 





3.35.1 MICROSTRUCTURE 


An orthogonal representation of the as-received plate is 
shown in Figure 15. The microstructure consists primarily of 
ferrite with small amounts of pearlite and bainite. The most 
noticeable feature of the microstructure is the small grain 
size (approximately .008 mm diameter grains corresponding to 
an ASTM grain size of 11). The prevention of grain growth 
during the aging process is attributed to niobium as 
previously discussed. The use of calcium to control the shape 
of the sulfur inclusions (ISC- Inclusion Shape Control) is 
also apparent from their spheroidal shape and the absence of 


any directional dependency. 


The effects of welding are shown in Figure 16, where the 
three zones (weld metal, heat-affected zone and base metal) 
are clearly visible. The weld metal, shown individually at 
higher magnification in Figure 17, is characterized by a very 
fine grain structure associated with rapid solidification 
m5). The heat-affected zone, shown in Figure 18, is 
comprised of bainite and martensite. This microstructure 1s 
caused by heating above the austenizing temperature followed 
by rapid quenching due to the cooling effect of the 
surrounding base plate. Grain growth is evident when 
comparison is made to the base metal photomicrograph 
(approximately .905 mm corresponding to an ASTM grain size of 


about &3.&3). 
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Further evidence of the effect of welding on the material 
is provided by hardness measurements taken i1n the three 


regions: 


TABLE 3.10 


KNOOP HARDNESS OF WELDED HSLA 
(AVERAGE OF S VALUES) 


RASE METAL 134 
WELD METAL 148 
HEAT-AFFECTED ZONE 160 


The higher hardness levels for the weld metal and the heat- 
affected zone are a direct result of the heat treatment 
inherent to the welding process. Yield strength scales 
directly with hardness since hardness measures the ability of 
a material to resist surface penetration and the surface 15 
penetrated when a material yields locally (in fact, i1t can be 
shown that hardness 18S approximately three times yield 
strength €74]). Conversely, one would expect the toughness to 
degrade with increasing hardness [—(75]. Since these parameters 
were not explicitly measured in materials property testing, 
the correlation will be validated on analysis of stress 
strain data from the slow strain rate (SSR) testing portion of 


the experimental program. 


Hardness measurements were also taken through the 
thickness of the plate to provide a measure of the homogeneity 
of the fabrication process. A standard Rockwell hardness 


tester with i7 te wifnen ball was used for the B-scale 
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measurements. The results are shown on Figure 19 and indicate 
a 9 percent difference in hardness readings between the 
minimum and maximum values. The random distribution of the 
hardness measurements indicate a negligible spacial 
dependence. The as-received plate may hence be considered 
essentially homogeneous in the thickness direction with 
respect to hardness and indirectly with respect to yield 
strength. This supports the observation of the microstrucure 
which did not display any directional dependency, as hardness 


is a microstructure sensitive property. 
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FIGURE 19 - Through Thickness 
Hardness Measurements (Rockwell 
H-Scale). 





3.3.2 TENSILE TESTING 


Tensile testing 


Testing Machine Model TTC M1.6. 


base metal to the standard dimensions of ASTM 


mm} gage length and 0.5 inch 12.7 mm3 


assess 
direction, specimens 
configurations (1.@€. 


perpendicular to it). 


were 


in 


specimen to provide backup data. 


Table 3.11 below: 


FINAL LENGTH in 
(mm) 


FINAL AREA sq. in 
(sq. mm) 


ELONGATION (7) 


REDUCTION OF AREA (7%) 


0.24 YIELD STRENGTH ksi 
(MF'a) 


ULTIMATE STRENGTH ksi 
(MF'a) 


7 


es 


deed 


CSS.) 


a O07 


(4.52) 


lies 


ea? 
(645.9) 


ae ee 
(702.35) 


131 


the 


was performed on an 


taken in 


rolling 


CE ae 
TENSILE DATA 


TL1 


7 


(aa) 


~O12 
(7.74) 


105.35 


(725.9) 


E8 


diameter). 


Instron 


tole 


Universal 
Specimens were machined from 
(1 inch {25.4 

In order to 
the dependence of material properties on plate rolling 


and Lo Tf 


direction and 


LT2 


~O12 
(7.74) 


18.8 


88.6 
(610.8) 


99.8 
(688.0) 


Two tests were run for each type of 


The results are tabulated in 


TL2 


poo 
(30.7) 


~Ol2 
(7.74) 


87.4 
(602.5) 


97.93 
(674.2) 





Yield points were observed to display an upper and lower yield 
Value with a drop of about 2 ksi (13.8MFa). Comparison to the 
data of Table 3.9 provided by the manufacturer reveals a very 
close correlation in all material properties with the 
exception of elongation which was found to be lower than that 
reported (particularly for the LT2 specimen). Comparison of 
the LT data to the TL data indicates that material properties 
are not substantially affected by the rolling direction, as 


would be expected form the homogeneity of the microstructure. 





3.3.3 CHARPY IMPACT TESTING 


Charpy Impact Testing was conducted on a Tinius Olsen 
Testing Machine (Number 32828) rated at 264 foot-pounds (260 
joules). Standard size specimens were prepared in accordance 
with ASTM Standard Method E23-82 "Notched Bar Impact Testing 
Of Metallic Materials" in the LT (parallel to rolling 
direction), TL (transverse to rolling direction) and SL 
(through the thickness) orientations. Two tests of each 
specimen type were conducted at O degrees F (-17.7 degrees C) 
and -60 degrees F (-S1.1 degrees C) to provide data (for 
comparison to manufacturer ’s data (Table 3.8) and to reference 


49 data as shown in Table 3.11 below: 


TABLE $3.11 





CHARPY IMPACT TEST DATA 
FT-LBS (JOULES) 


TEMPERATURE LT TL Su 
degrees F (C) 


1. CURRENT TESTING OC ews 2 114(¢155) 148 (201) Bot1 17) 
(AVG OF 2 VAL) Se C= il ale) 150 (203) 131 (205) 2 34) 


2. REFERENCE 49 DATA 0(-17.7) Le C27 2) 187 (254) = 
(1 1/4 IN PLATE) -60(-S1.1) 202 (274) 164 (222) = 


LT (TOP) LT (BOTTOM) 
3. MANUFACTURER ‘S CE cada) Been? Koo?) 174.0(236) 


DATA =—30(=43.6) 128.0(174) 132.7(180) 


-_— 
| 
| 





The specification for HSLA 8O (Table 3.6) of 60 ft-lbs (81.4 
joules) at QO degrees F (-17.7 degrees C) was met in all tests 
indicating satisfactory performance at this temperature. The 
requirement of 35 ft-lbs (47.35 joules) at -120 degrees F 
(-84.4 degrees C) was not measured explicitly but the data at 
-60 degrees F (-S1.1 degrees C) for the LT and TL orientations 
suggest satisfactory campliance with the lower temperature 


specification. 


The poor correlation between the three sets of measured 
impact energy data 1s indicative of variation of toughness 
properties through the thickness of the 2 inch (SO mm) plate. 
The manufacturer ’s data were obtained from specimens removed 
from the top and bottom of the plate where heat treatment is 
more effective in achieving greater toughness. The specimens 
used for this testing were removed from the plate about one 
half inch (13.7 mm) from the surface where heat treatment is 
less effective resulting in some toughness degradation. The 
reference 49 data were for a thinner and hence more 


homogeneous plate. 


Further evidence of through thickness variation of 
toughness properties is provided by the SL test data. The low 
impact energies obtained for these orientations indicate that 
the center of the plate is much more brittle than the top or 
the bottom. This again is directly attributable to the 
difficulty in obtaining homogeneity in the processing of thick 
plate. Although there is no specification for SL impact 


energies, the low toughness of the center of the plate merits 
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further investigation. Since this research is concerned 
primarily with the corrosion properties of HSLA 80, the need 
for further characterization of plate toughness variations 
through the thickness must be left as a recommendation for 


future work (Section 9). 





4. MOTIVATION AND OBJECTIVES OF EXPERIMENTAL RESEARCH 


The susceptibility of a specific material to stress 
corrosion cracking and/or hydrogen embrittlement in a specific 
environment cannot be predicted on the basis of current 
theory. Rather, such an assessment must be based on 
experimental data from conditions that duplicate anticipated 
service use to the maximum extent practicable. Thus, in the 
case of SCC and HEM, empirical results form the foundation for 
engineering recommendations in lieu of providing only a 
backup to theoretical analyses. The paramount importance of 


experiment motivates a thorough research effort. 


HSLA steels have demonstrated great potential in ship 
construction by reducing fabrication costs and by reducing 
Structural weight requirements. To date, only thin section 
(less than 1 174 inches {31.75 mm}) products have been fully 
evaluated and approved for service use. Future applications 
await the results of experiments with thick section (2 inch 
(50 mm>) plating. In the fiscally constrained environment of 
warship design and construction, the availability of a cheaper 
yet equally capable product means more ships for less dollars. 
The potential for an enhanced defense posture motivates a 
timely and accurate assessment of the SCC and HEM properties 


of thick section HSLA steels. 


The objectives of this research effort are as follows: 
(1) To evaluate the susceptibility of thick section HSLA 


80 to stress corrosion cracking. 





(2) To evaluate the susceptibility of thick section HSLA 
80 to hydrogen embrittlement. 
(3) To evaluate the effects of submerged arc welding 
(SAW) and gas metal are welding (GMA) on the SCC and HEM 
performance of HSLA &8O. 
(4) To measure the critical stress intensity for the 
initiation of stress corrosion cracking (K ) for the 
base metal, weld metal and the el (HAZ) 
of the two weld processes. 
(3S) To determine if cathodically generated hydrogen 
affects the critical stress intensity to the extent that 
definition of a separate critical stress intensity for 
hydrogen embrittlement (K ) is justified. 

THEM 


(6) To reach a conclusion as to the future use of thick 


section HSLA BO in marine hull structure applications. 


To meet these objectives, the experimental program described 
in the next section was developed. In essence, the program 
provides qualitative and quantitative measures of HSLA 80 base 
metal, weld metal and heat-affected zone susceptibility to 
stress corrosion cracking and hydrogen embrittlement in a 


seawater environment. 





5S. PROCEDURES AND APPARATUS FOR EXPERIMENTAL RESEARCH 
S.-i OVERVIEW 


The overall experimental program is outlined in Table 


mie le Two sets of experiments were conducted. The Wedge- 
Opening Load <(WOL) experiment was selected to provide 
Quantitative measures of crack growth rate and stress 


intensity. The fundamental advantage of the WOL test over the 
more traditional cantilever beam test is that each individual 
WOL specimen provides a quantitative stress intensity at which 
the crack arrests. The cantilever beam test, on the other 
hand, provides only a data point (i.e. it either breaks or 
ia does not break) at a prescribed stress intensity. 
Consequently, the WOL experiment is more thorough (for a given 
number of specimens) in that data correlation and analysis 
between specimens 1s possible. The Slow Strain Rate (SSR) 
experiment was selected primarily for qualitative assessment 
Of fracture appearance (1.e€. brittle or ductile failure), 
although quantitative data such as time of failure (TOF) and 
reduction of area (ROA) were also measured to further 


characterize material behavior. 


Synthetic seawater was prepared in accordance with ASTM 
D1141-75 for the experimental environment. This selection was 
made to ensure reproducibility of experimental results at 
other laboratory facilities and to provide a known homogeneous 
sOlution for direct data comparison and correlation. Further, 
the use of flowing natural seawater was considered 


inappropriate due to the inherent seasonal and geographic 





TABLE wil 
EXPERIMENTAL PROGRAM MATRIX 


1. WEDGE-OPENING LOADING (WOL) TESTING 





MATERIAL FREE CORROSION -1000 MV SCE -1250 MY SCE 
BASE METAL A,B A,B &,B,C 
GMA WELD A,B,C A,B,C Ani € 
GMA HAZ A,E,C A,B,C A,B,C 
SAW WELD A,E.C A,B,C A,B,C 
SAW HAZ A,B,C A,B,C Sin(e 
PRIMARY VARIABLE: STRESS INTENSITY KsiVin (MPavVm) 

A= 90 (98.9) 
R= 100 (109.9) 
C = 110 (120.9) 
TOTAL SPECIMENS: 42 
2. SLOW STRAIN RATE (SSR) TESTING 

MATERIAL FREE CORROSION -1000 MV SCE -1250 MV SCE 
BASE METAL A,B A,B A,B 
GMA WELD A,B A,B A,B 
GMA HAZ A,B A,B A,E 
SAW WELD A,E A,B A,B 
SAW HAZ A,B,C A,B,D &,B,D 


PRIMARY VARIABLE: STRAIN RATE in/in/sec OR mm/mm/sec 


il 


A = 6.67 X 10 


-6 
Be econ 

-4 
C =)1.67maGno 

-7 


o 
it 


6.535 X 10 


TOTAL SPECIMENS = 32 





variability of littoral sources and the lack of availability 

of a homogeneous deep water source. Experimental time 

constraints precluded specimen submission to a dedicated 

seawater test facility. Finally, a recent study conducted by 

DTNSRDC C76) concluded that aA measurements were 
IScc 


essentially invariant whether testing was conducted in natural 


seawater, synthetic seawater or thirty day old seawater. 


Three corrosion potentials were chosen in order toa 
characterize the behavior of HSLA in three specific field 


environments: 


(1) EREE CORROSION - Specimens were immer sed in 
synthetic sea water with no potential control to provide 
baseline data. This condition represents that of 
unprotected hull plating or structural members subjected 
to continuous seawater immersion. Such would be the case 
for an area of the hull distant from protective 
sacrificial anodes from which the protective paint 
coating had been removed or improperly applied. The free 
corrosion potential of HSLA base metal was measured as 
approximately “435 millivolts with reference to a 
saturated calumel electrode (SCE). This corresponds to 
—-220 millivolts when referenced to a standard hydrogen 
electrode (SHE). A weld metal specimen was additionally 
measured and found to have essentially the same free 


corrosion potential. 
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(2) ZINC-COUPLED - Specimens were immersed in synthetic 
seawater with an applied cathodic potential of -1000 
millivolts SCE. This corresponds to -720 millivolts SHE 
and -950 millivolts when referenced to a saturated 
Ag/AgCl electrode. This condition is that of HSLA plate 
protected by sacrificial anodes (usually zinc) or by the 
direct application of a potential from an electrical 
source for cathodic protection. In that the potential of 
Zinc-coupled HSLA varies with material and environmental 
conditions (such as when a film forms on the specimen 
surface), experimental measurement was compared to both 
analytical calculation and to the potential used in 
related corrosion experimentation to arrive at the chosen 


Value of -1000 mv SCE. 


(a) Direct Corrosion Cell Measurement - A zinc 
specimen was @lectrically coupled to an HSLA 
specimen and immersed in a beaker filled with 
synthetic seawater. The potential was measured with 
a digital voltmeter and recorded over a five minute 
period. The initial potential was -1030 mv SCE and 
the final potential was ~—-1050 mv SCE. A weld metal 
sample yielded similar results when coupled to the 
zinc specimen. The validity of the direct corrosion 
potential measurements was determined by measuring 
the potential of a Bingle zinc electrode and of a 
single HSLA electrode and comparing them to 


published results [77]. The measured potential for 
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Zinc was —-1065 mv SCE compared to the published 
value of -1030 mv SCE and the measured potential of 
HSLA was —-435 mv SCE compared to the published value 
of -610 mv SCE for carbon steel and -S30 mv SCE for 
Type 304 Stainless Steel. The differences between 
the measured and published results are not 
Significant since slightly different environments 
(e.g. natural seawater versus synthetic seawater) or 
differences in @ample surfaces (e.qg. freshly 
machined surface versus filmed surface) could 


readily account for the deviation. 


(ob) Analytical Derivation - The Tafel equations 


and basic corrosion kinetics were used to approximate 


the zine-coupled potential for HSLA. Assuming 
7 2 
exchange current densities (I ) of 10 amps/cm for 
Oo = z 
hydrogen forming on zinc and 19 amps/cm for 


hydrogen forming on iron and an equilibrium zinc ion - 
—6 
activity of 10 [78], one may compute relationships 


for the anodic overpotential (N ) and the cathodic 
a 
overpotential (N ) as follows: 
c 


Ne E - E #.0591l0g (i »- .O597l 0g (i ) 
a corr zn corr Oo zn 


New E - E #*.118log(i > -.118log (i ) 
c corr h oh corr 
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Solving these two equations simultaneously th te 


corrosion current (1 ») and corrosion potential 
corr 
(E ») yields: 
corr 
2 
i = .2 ma/cm 
corr 
E =z —-744 mv CSHEI 
corr 


This corrosion potential corresponds to -1020 mv 


SCE. 


(c) Related Experimental Literature —- Corrosion 


experiments with HSLA reported in reference 49 used 
potentials of -850 and -1000 millivolts referenced 
ta Ag/AgCl which corresponds to about -1050 mv SCE. 
Corrosion experiments with HY 130 reported iin 
reference 3 used -1000 millivolts referenced to 


Ag/AgCl. 


In actual field applications, the potential of a zinc- 
coupled HSLA plate would vary locally due to seawater 
compostional, FH and temperature gradients, local 
variance in plate and zinc composition and the geometry 
of the galvanic couple. The final rounded value of -—1000 
mv SCE was chosen as a representative cathodic potential 
that could be readily set and maintained on available 


laboratory instruments. 
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(3) HYDROGEN GENERATING - Specimens were immersed in 


synthetic seawater with an applied cathodic potential of 
between -1250 and -1300 mv SCE. The experimental 
ebjective of this environment was to generate sufficient 
hydrogen to evaluate the susceptibility of HSLA to 
hydrogen embrittlement. In field applications such a 
Situation could arise on systems cathodically protected 
by an externally applied voltage which had been 
improperly set or allowed to drift toa an oavervoltage 
situation. The potential presence of monatomic hydrogen 
must be assumed as possible in any field application, 
however, aS it can be introduced to the environment from 
a wide variety of sources (e.g. battery charging or the 
electrolytic production of oaxygen from water). The 
cathodic potential at which hydrogen evolution occurred 
was determined by conducting a polarization experiment. 
An HSLA sample was spot welded to an Inconel Alloy 6090 
wire and encased in a7/8 inch diameter epoxy mold 
(Rueheler Sampl-Kwick Acrylic na. 20-3560). The one 
square centimeter exposed face of the sample was then 
polished and the edges sealed with Tolbert Micro-Super 
2000 protective lacquer. The attached wire was encased 
in glass tubing which was sealed against the environment 
at the back of the epoxy mold. The encased sample with 
the single exposed face was immersed in an environment of 
eynthetic seawater to serve as the working electrode of 
an electrochemical cell referenced to a saturated calumel 


electrode. The system was subsequently connected toa an 
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Aardvark Model V-2LR Fotentiostat with a Model Scan-4 
Scanning Unit. The potential was varied at a rate of 
S5.7 mv/sec from an initial value of -600 mv SCE to a 
final value of —-2000 mv SCE and the current recorded to 
produce the polarization diagram shown in Figure 20. The 
surface of the sample was visually inspected during the 
xperiment to detect the onset of hydrogen generation. 
This was found to occur at approximately -1250 mv SCE at 
ea current of about 8 milliamps. At -1300 mv SCE and 10 
milliamps, hydrogen generation was fully developed = and 
blanketed the surface of the specimen. The hydrogen 
generation potential was hence chosen as between -1250 mv 
SCE and -1300 mv SCE to be adjusted as necessary to 


achieve visible but not excessive hydrogen generation. 
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FIGURE 20 — Folarization Diagram 
of HSLA Steel at 35.7 mv/sec. 


146 





5.2 WELDING OF HSLA PLATE 





Welding was performed at David Taylor Naval Ship Research 
and Development Center (DTNSRDC), Annapolis between 12 and 14 
August, 1985. Two weld processes were chosen for evaluation; 
submerged arc welding (SAW) due to its wide use in large scale 
production welding jobs (such as ship hull plate) and gas 
metal arc welding (GMA) as a representative of the inert gas 
processes used for smaller, more detailed welding jobs (such 
as ship frame welds). The six foot long, two inch thick as 
received plate was cut into four six inch wide sections to 
form the two flat weld joints (one for SAW and one for GMA). 
The weld joints were further cut into a "K" configuration weld 
prep as shown in Figure 21. This configuration was chosen in 
favor of the more typical "double-V" weld prep in order to 
provide a flat surface with a relatively homogeneous heat~- 
affected zone to facilitate subsequent specimen preparation. 
Photomicrographs of macroscopic cross sections of the 


completed weldments are shown in Figure 22. 


Specific welding parameters as delineated in the 
following sections for the two processes were chosen [79] to 
provide a cooling rate of greater than 10 degrees F per second 
at 1,000 degrees F (5.5 degrees C per second at S538 degrees C) 
in order to ensure adequate yield strength and toughness as 
recommended by DTNSRDC [49]. The use of empirical weld 
parameter specifications is virtually universal as the thermal 
effects of welding on the heat-affected zone are very complex 


and analytical results do mot adequately predict field 
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FIGURE 21 —- Weld End Freparation 
Showing "K" Configuration. 
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Peawne ee MAGrOScWplG Etened 
Sue faces af Gas Metal Arc CaMAW) 
and Submerged Arc (SAW) Welds. 
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experience [46]. The cooling rate of the heat-affected zone 
is generally used as the key parameter in determining its 
post-weld mechanical properties. The cooling rate 1s in turn 
dependent on various factors including plate thickness, 
welding conditions (voltage, current, heat input and gas 
composition), preheat, weld length and joint geometry. TOO 
high a cooling rate creates hard, brittle martensite which 
could lead to cracking and too low a cooling rate results iin 
overaging of the heat-affected zone with a concomitant 


reduction in the toughness and the yield strength. 


Predicting the cooling rate from the welding parameters 
is largely speculative, although empirical results have been 
published. Kihara et al [C8OQ] proposed a relationship to relate 


cooling rate to its determinant parameters as follows: 


o> ie eT < t= to 

Ps ( ) * (1 + ARCTAN + ) 
I/v pi alpha 
0.8 


COOLING RATE (degrees C/sec) = 0.35 * (P) 


where T = Temperature at which cooling rate is 


is considered (degrees C) 


To = Freheat temperature (degrees C) 
ir = Weld current (amps) 

Vv = Travel speed (inches/min) 

€ = Plate thickness (inches) 

to = .06 at 5340 degrees C 


alpha = .16 at 5340 degrees C 
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For the weld parameters chosen to make the subject GMA and SAW 
joints, this formula yields cooling rates of 22.4 degrees 
C/sec and 21.5 degrees C/sec respectively which meet the 


required criteria. 


A more common and practical method of relating cooling 
rate to its major relevant independent variables is to 
construct a family of curves for different plate thicknesses 
and a series of heat inputs. The cooling rate for each 
condition may be measured with thermocouples or predicted with 
empirical formulas (as above) or by a combination of the two. 
Heat input ¢h) is the predominant process variable since it 
relates voltage (V) in volts, current (1) In amperes” and 


travel speed (v) in inches per minute according to [46]: 


h = 60 (Vi/v) 


These curves may then be used to define a functional operation 
envelope (FOE) which specifies the range over which acceptable 
welding conditions exist. It then remains to be determined 
experimentally where within the FOE welding must be conducted 
to produce a weld with adequate mechanical properties. Such a 
procedure was carried out by DTNSRDC C49] for HSLA plate with 
a preheat temperature of 125 degrees F (51.7 degrees C) and a 
maximmum plate thickness of 3/4 inch (19 mm). The GMA result, 
shown in Figure 23 yields an extrapolated cooling rate of 


Oo Oo 
about 40 F/sec (22.2 C/sec) for a 2iinch (50 mm) thick weld 





PLATE THICKNESS <mm) 
10 14 18 


COOLING RATE (degrees F per second) 
COOLING RATE (degrees C per second 





1/4 3/8 2/8 3/4 
PLATE THICKNESS <inches) 


Gatched Area Indicates Unsatisfactory Weld) 


FIGURE 23 -—- Functional Operating 
Envelope (FOE) for Gas Metal Arc 
Welding (GMAW). 





made with 60 KJ/inch heat input specified for this research 
study. This compares favorably with the empirical result of 


Kihara calculated above. 


Weld preheat and interpass temperature limits were 
imposed at 200 degrees F (93.3 degrees C) minimum and 300 
degrees F (148.9 degrees C) maximum respectively for both weld 
processes. Weld preheat is normally incorporated into weld 
procedures in order to eliminate the possibility of hydrogen 
induced cold cracking as discussed in Section 2.4. One of the 
primary advantages of HSLA, however, if its apparent immunity 
to cold cracking making it an economically cheaper production 
process since it requires no preheat. The specification of a 
preheat temperature in this instance was based on eliminating 
any possible hydrogen effects since the weldability of HSLA 
was not an issue in this study, having been previously 
demonstrated C49). The maximum interpass temperature 
specification, on the other hand, was required to ensure an 
adequate cooling rate for each weld pass. Giteanly eel eae 
weld region is not allowed to cool down between passes, there 
would be an insufficient temperature differential to cause 


cooling according to heat transfer principles. 


Following welding, each plate was radiographed along its 
entire length to check for slag inclusions, porosity or 
delamination. No significant defects were noted. The plates 


were subsequently shipped to MIT for specimen preparation. 
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s.-2.1 GAS METAL ARC (GMA) WELDING 


Gas metal arc (GMA) welding is one of several weld 
processes that use an externally supplied gas shielding to 
protect the weld from the oxygen and nitrogen in the 
atmosphere, which, when allowed to enter the weld, cause 
porosity. The heat for welding is obtained from an electric 
arc drawn between the metal electrode and the workpiece. The 
GMA process was developed in 1948 from the gas tungsten arc 
(GTA) process in order to increase the welding speed and 
thereby increase productivity [81]. The GTA process 15 
characterized by a nonconsummable tungsten electrode which 
generates the arc. Additional material needed to fill the 
weld jJOint gap (known as filler metal) must be added 
separately to the "weld puddle" as the workpiece is traversed. 
GMA welding, on the other hand, combines the functions of the 
electrode and the filler metal into a single moving filament 
of metal which is called a consummable electrode. This 
Simplification, which results in greater efficiency of heat 
input, allows the welder to traverse the workpiece more 
repidly, up to about four times the weld deposition rate of 
GTA welding. The GMA process has hence come into wide use in 


many industrial applications. 


The selection of shielding gas for use when welding with 


the GMA process depends on the type and thickness of material 


to be welded, the joint configuration and economic factors 
such as speed and quality requirements. For welding carbon 
steels, an argon-oxygen mixture is normally recommended. 
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Since the inert gas is used to shield the weld area from the 
harmful effects of the atmosphere, it may seem 
counterproductive to add oxygen to the gas. Tt has been 
found, however, that a small amount of oxygen greatly improves 
the arcing characteristics without adversely affecting the 


weld’s mechanical properties. 


GMA welding is normally performed with the electrode 
positive and the workpiece negative, a configtiration known as 
direct current reverse polarity (decrp). This 1s the opposite 
of GTA welding, which uses direct current straight polarity 
(dcsp). The effect of the derp electrical connection for GMA 
welding is that the positive gas ions are accelerated from the 
electrode to the workpiece by the action of the electrical 
field. It is postulated [81] that these ions impart their 
velocity to the metal drops as they move from the electrode to 
the workpiece. The result is a deeply penetrating weld which 


improves the strength of the joint. 


GMA welding for this application was performed using an 
Airco Direct Current Aircomatic Dual 600 Ampere Welder (model 
number O6DVR-24-CFPA) with automatic wire feed and carriage 
movement provided by a Union Carbide J Governor. Filler wire 
was 0.062 inch Linde 95 (heat number 095074), an approved HY 
B80 consummable as recommended by reference 49. Welding 
parameters were monitored continuously during each of the 25 
passes to verify conformance to the established specifications 


listed in Table 53.2. 





TABLE 5.2 


GAS METAL ARG WELD PARANETERS 


VOLTAGE ee VOLTS 

CURRENT 240 AMPERES 

TRAVEL SFEED 11 INCHES/MINUTE 
HEAT INFUT 60 KILOJOQULES/ INCH 
SHIELD GAS 98% ARGON/2% OXYGEN 
GAS FLOW RATE 20 9eUnte Pee ly nour 
ELECTRICAL DIRECT CURRENT 


REVERSE POLARITY 





3.2.2 SUBMERGED ARC WELDING (SAW) 


Submerged arc welding is similar to GMA welding in the use 





of a continuously fed electrode that serves as both the filler 
metal and the heat source. The difference between the two 
processes rests with the method employed to shield the work 
area from the environment. As the name implies, SAW employs 
a shielding blanket of granular, fusible material called flux 
which "submerges" the arc. It produces high quality, low cost 
welds on carbon steel plate and is hence widely used for large 


production jobs. 


The flux is the key element of the SAW process as it 
serves to concentrate heat to enhance melting and fusion = and 
to provide a conductive path from the electrode to the 


workpiece in addition to shielding the weld area from the 


atmosphere. At room temperature, flux 165 a granular non- 
conductor of electricity. When the arc 18 struck between the 
electrode and the workpiece, the flux in the immediate 


Vicinity of the weld becomes a highly conductive molten 
medium. Since the remainder of the flux surrounding the joint 
retains its granular insulating properties, the heat generated 
by the arc in the weld region is concentrated and hence 
exceptionally intense. Under these conditions the base metal 
is readily melted so that smaller weld prep "V" grooves may be 
used and less filler metal supplied. In addition, high 
welding speeds may be used without sacrificing quality making 
the process extremely economical in comparison to both GMA and 


GTA welding. Since the flux solidifies at a lower temperature 





than the molten metal, it forms a hard crust on top of the 
weld that can readily be removed at the conclusion of each 


pass. 


Although both alternating and direct current power 
supplies may be used for SAW, direct current is generally 
preferred since it provides better control of weld bead shape, 
weld penetration and welding speed [81]. This is especially 
true when close arc control is needed as in the case where 
contours must be followed at maximum speed. Alternating 
current is generally preferred for higher current 


applications. 


SAW for this application was performed with a Union 
Carbide Linde VCR-801 CV/DC Welder with automatic wire feed 
provided by a UCC-8 controller. Filler wire was .962 inch 
Linde 9S, the same as that used for the GMA weld. The flux 
was Oerlikon OFL21TT (lot mnmumber 1033). The welding 


parameters are listed in Table 5.3. 


TABLE S.3 


SUBMERGED ARE WELD PARAMETERS 


VOLTAGE 31 VOLTS 

CURRENT 3090 AMPERES 

TRAVEL SFEED 11 INCHES/MINUTE 
HEAT INFUT 60 KILQJOQULES/ INCH 
ELECTRICAL DIRECT CURRENT 


1358 





5.3 WEDGE-OPENING LOAD (WOL) TESTING 

325.1 BACKGROUND 

Wedge-opening load (WOL) testing using a bolted specimen 
was developed by Novak and Rolfe (82) from the original 
machine loaded WOL specimen developed by Manjoine C83] in 
order toa provide a simple and self-contained specimen load 
geometry for the evaluation of stress corrosion cracking and 
hydrogen embrittlement. Frior to this development, the 
cracking susceptibility of a material with a preexisting flaw 
was determined by the cantilever beam test developed by Brown 
C84). In the cantilever beam test, a series of precracked 
beams are subjected to different constant loads sO as to 
produce stress intensity levels below the critical stress 
intensity in air (K ). Once loaded, the beams are exposed to 
the environment ce aay SCC or HEM susceptibility is to be 
determined and the time to failure recorded. A graph of 
stress intensity versus time to failure similar to Figure 24 
is prepared and the value of K determined as that stress 

LSEE 


intensity below which time to failure approaches infinity. 


Although this method is effective in measuring kK 1c 


ISCC 
requires a large number of specimens for which the 
fabrication, material and the environment must be stictly 
controlled to prevent inadvertent differences from introducing 
data inaccuracies. Additionally, exposure to the environment 


may be quite difficult, particularly for high temperature 


and/or presstire applications. 
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FIGURE 24 - Schematic Representation 
for Obtaining Critical Stress 
Intensity for SCC with Cantilever 
Ream Specimens. 
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The WOL test provides an equally valid measurement. of 
K with a single specimen by using the principle of 
tant displacement vice constant load for establishment of 
experimental conditions. The WOL specimen used for this 
experimental study was a slightly modified 1T specimen as 


shown in Figure 25. The deviations from the standard (bolted) 


specimen are as follows: 


(1) The width B was reduced from the standard 1.0 inch 
(25.4 mm) to .9% inch (22.9 mm) in order that two 
specimens could be taken through the thickness of the 2.0 
inch (SO mm) thick welded plate with allowance’ for 
machining and cutting tolerances. 

(2) Side grooves were machined along each face of the 
specimen to guide the crack along a single plane and to 


prevent shear lips. 


Constant displacement is achieved by threading a bolt into the 
top of the specimen until it impacts against the loading tup. 
The bolt is subsequently torqued while monitoring the crack 
opening displacement (COD) with a clip gage mounted between 
the two notches cut for this purpose at the mouth of the 
specimen as shown in Figure 25. (It should be noted at this 
juncture that the COD as a parameter is measured at the crack 
tip C23] and not at some arbitrary location on the specimen. 
However, the measurement taken at the mouth of the specimen 
can be directly correlated to the crack tip COD as it is in 
the same plane. In order to avoid unnecessary verbiage in 


future discussion, COD shall be used interchangeably, 
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FIGURE 25 -—- Modified Wedge-Opening 
Load (WOL) Specimen used for 
Experimentation. 
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recognizing that it is a relative measure of COD that is being 
determined in the case of clip gage readings). Once loaded to 
the predetermined COD, the specimens are immersed in the test 
environment. Since the COD is fixed by the rigid bolt, the 
lead and hence the stress intensity decrease as the crack 
extends. When the stress intensity has decreased sufficiently 
so that the crack stops growing, the critical stress intensity 
for stress corrosion cracking (K ) has been reached. The 
fundamental difference between Be Seine and cantilever beam 
testing is then that the constant load of the latter leads to 
increasing stress intensity with crack extension so that 
fracture will ultimately occur in every instance where initial 
stress intensity is greater than K ; This difference is 
ISCc 

shown graphically in Figure 26. 

The relationship among crack length, stress intensity, 
COD and load have been established both theoretically and 
experimentally for the bolt-loaded modified WOL specimen of 
Novek and Rolfe (82]. It is these relationships that are used 
to set the original COD for a desired stress intensity (K ?) 
and to determine the final K reached at crack arrest. on 
basic compliance equations St used to characterize the four 


fundamental variables, one relating COD (V) to load (F) = and 


the other relating stress intensity (K ) to load: 
I 





STRESS INTENSITY “—————? 


CANTILEVER BEAM SPECIMEN 


FAILURE AT K, = Ky. 


ARREST AT K_ = K 
I IStC 
ISCC 





FIGURE 26 - Difference in Behavior 
for WOL and Cantilever Specimens. 
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(1) COD/LOAD COMPLIANCE CORRELATION 


1/2 
C (a/W) = E * (BB >) * (V/P) 
6 N 


f (a/W) 
C (a/W) = e@ 
& 


2 
Where f(a/W) = 3.453 - 8.097(a/W) + 42.314(a/W) 


3 4 
-64.677(a/W) + 36.843 (a/W) 


(2) STRESS INTENSITY/LOAD COMPLIANCE CORRELATION 


1/2 1/2 
C (a/W) = a * (BB) * (CK /P) 
3 N I 
Z 3 
C (a/W) = 30.96(a/W) - 195.8a/W) + 730.6la/W) 
3 
“ So 
-1186.3(a/W) + 754.6(a/W) 


Where a = Crack length 
= Specimen depth 


= Specimen thickness 


Net specimen thickness (between grooves) 


Young's modulus of elasticity 


Crack Opening Displacement (COD) 


Il 


Load 


i 


xX DVD cc mM wB ww €F£ 
Il 


Stress intensity 


The above equations yield a family of relationships among the 


key variables once crack length (a) is known: 
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QUATION 


1/2 
V#= K /E * (aB /B) * {€C (a/W)/C (a/W)} 
I N 6 » 
EQUATION 2 
P = (EBV I/{C (a/W)} 
INITIAL 6 
EQUATION 3 
1/2 1/2 
K m= {PC (a/W)}/C(BB ) * a } 
I 2 N 


These three equations, in addition to the empirical compliance 
equations, were used in this research to characterize the load 


and stress relationships for WOL testing. 
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On receipt of the as-welded plates from DTNSRDC, specimen 
blanks were saw cut for further machining. Five different 
specimen types were chosen for analysis: 

(1) Base metal. 

(2) GMA weld metal. 

(3) GMA heat-affected zone. 

(4) SAW weld metal. 


(S) SAW heat-affected zone. 


Base metal samples were cut out along the plate without regard 
to rolling direction as mechanical property testing and 
microstructural analyses revealed no orientation differences. 
Weld metal and heat-affected zone samples were cut out such 
that the notches would be perpendicular to the weldment 
surface as shown in Figure 27. This configuration was chosen 


for two reasons: 


(1) Specimens notched perpendicular to the weldment 
surface exhibit lower values of kK than specimens 
PSeg 

notched parallel to the weldment surface [85]. 

(2) Specimens notched parallel to the weldment'= surface 
would have required the use of .ST vice 1T specimens due 
to the constraints of plate thickness. The larger 
specimens were preferred as they were closer to meeting 


the dimensional size requirements of ASTM Specification 


E399. 
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WELD METAL TEST SPECIMEN 


FIGURE 27 - Orientation of WOL 
Specimens Removed from Weldments. 
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The location of the heat-affected zone was determined by 
macroetching the end of each plate with a 5S percent Nital 
solution. The "KK" weld prep was clearly visible with the 
heat-affected zone appearing as a darkened strip centered 
about 1/4 inch (6.4 mm) from the edge of the weld with a 
thickness of about 1/78 inch (3.2 mm). The heat-affected zone 
specimens were subsequently saw cut so as to be centered on 
the dark strip on the straight side of the "kK". The weld 
metal samples were cut to be centered on the outermost weld 
bead (at the top and bottom of the "K") as shown in Figure 27. 
Following the rough saw cut of the specimen blanks, each 
individual heat-affected zone blank was macroetched with %& 
percent Nital to locate the center of the heat-affected zone. 
Each blank was then stamped at the center of the heat-affected 


zone to serve as a guide for final specimen machining. 


On receipt of the machined WOL specimens, the side 
grooves were hand polished with three grades of sandpaper 
(320, 400 and 600 grit) and emory paper to remove longitudinal 
machine scratches so that crack growth could be monitored 
during precracking and loaded testing. Three electrical leads 
were then welded to each specimen. Two of the leads were 
mounted on opposite sides of the notch to serve as sensing 
Points for the potential drop system used to monitor crack 
initiation and growth during precracking as discussed below. 
The third lead was mounted on the top of the specimen to serve 
as a connection point for establishment of the desired 


potential during environmental testing. 
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Precracking was accomplished on an MTS Model 312.31 
(serial number 12946) tensile tester rated at 35,000 pounds 
(244,750 newtons) controlled by an MTS 4435 Controller with a 
Model 468 Test Frocessor. Frecracking was computer controlled 
with an LSI 1123 Computer and an RT-11 Operating System. Each 
specimen was sinusoidally cycled in tension-tension at 10 
Hertz with a maximum load of 6,568 pounds (29,228 newtons) and 
a minimum load of 6356.8 pounds (2,923 newtons) for an RK value 
ao O.1. This loading produced a maximum stress intensity of 


390 ksi/in (33 MFa/m) at the root of the notch. 


Crack growth was monitored by a potential drop system 
during cycling and by compliance measurement when a cycle run 
was terminated by excessive potential drop or by reaching a 
maximum preset number of cycles. The potential drop system, 
illustrated schematically in Figure 28 was powered by a 
Sorensen QRD 20-4 4.0 amp Fower Supply. The potential drop 
across the specimen was amplified and input to the MTS 
Controller to serve as a shutdown signal in the event that the 
potential change associated with crack growth reached a limit 
set at the start of each run. The system essentially 
prevented excessive cycling ona given run s0 that crack 
growth could not proceed to the point at which K was reached 
and rapid failure occurred. ™ 

Following each run of between 10,000 and 72,000 cycles 
(depending on the material), the compliance was determined by 
measuring the COD with a clip gage at the mouth of the 


specimen at 2,900, 3,000 and 4,900 pounds (8,900, 13,350, and 
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POTENTIAL DROP SIGNAL AS CRACK GRDWS, POTENTIAL CHANGE 
TO MTS CONTROLLER MEASURED AND AMPLIFIED 


FIGURE 28 —- Schematic of Potential 
Drop System used to Monitor Crack 
Growth during Precracking. 
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17,800 newtons). The measured compliance was compared to the 
experimental compliance of Reference 82 for crack length 
estimation. When the compliance indicated a crack length in 
excess of the required .1 inches (2.54 mm), the specimen was 
removed and inspected using a travelling stage microscope. 
The 0.1 inch (2.54 mm) minimum length for the precrack ensured 
that the crack tip extended beyond any potential notch 
machining effects such as cold work or thermally induced 


microstructure changes. 


Visual measurement of precrack length was very difficult 
due to the hairline mature of the crack and the curved 
geometry of the notch. To provide a more accurate measurement 
of crack length to use in the final torque computation, the 
COD was computed for a stress intensity of 30 ksiv¥in (335 
MFavm) since this had been used for precracking and each 
specimen was subsequently bolted open to the calculated COD 
Value. The crack length on each side of the specimen was then 
measured and an arithmetic average computed. Based on this 
crack length, the COD for the environmental testing stress 
intensity (90 ksivin, 100 ksiVin or 110 ksiVvin {98.9 MFadm, 
109.9 MPaYm or 120.9 MFavm?}) was computed and each specimen 
torqued to the required value. Final crack lengths were then 
measured and the actual stress intensities were computed based 


on this value and on the actual COD achieved. 
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The final crack lengths, measured compliances, calculated 
compliances and Reference 82 interpolated experimental 
compliances are compared in Tables 5.4, 5.5 and 95.6. The 


calculated compliances were determined from: 


72 
(V/P) = C (a/W)/{E(BB ) 
& N 
Where E = 30,000,000 psi (206,820 MPa) 
B = .9 inch (22.86 mm) 


B = .806 inch (20.47 mm) 
N 


Crack length is listed as measured from the center of the load 
bolt which is .77 inches (19.56 mm) from the root of the 
notch. The actual precrack length is hence .77 inches (19.56 
mm) less than that listed. The nominal stress intensity, 
computed COD, actual COD and actual stress intensity are 
listed in Tables 3.7, 5.8, and 95.9. Differences between 
nominal and actual stress intensity are due primarily to minor 
errors in crack length measurement between the preliminary 
torque value for 30 ksidiIn (33 MPavm) and the final torque 
value. When fully torqued, the crack was readily visible and 


ea very accurate crack length could be measured. 


On completion of the final torquing process, the 
specimens were cleaned with methanol to prepare them for a 
beeswax coating application over all surfaces except the side 
grooves and the notch. Beeswax was chosen in lieu of paint or 


stop-off lacquer based on its reported successful use in 





Similar seawater experiments [C3] and on the recommendation of 
local researchers with Seawater corrosion experimental 
experience. Additionally, an HSLA sample was coated with 
beeswax and immersed in the synthetic seawater used in this 
series of experiments for a period of one week prior to 
specimen torquing to certify coating integrity. Inspection at 
the end of this period revealed that the coating protected the 
underlying metal with no evidence of degradation or 


delamination. 


The coating was considered necessary for all three of the 
corrosion potentials selected for analysis to prevent galvanic 
corrosion between the dissimilar metals (i.e. the loading bolt 
and the tup) and dissimilar weld regions (i.e. base metal, 
heat-affected zone and weld metal) of the loaded specimen 
assembly. AS a secondary concern, coating was necessary for 
the specimens to be subjected to overcathodic protection at 
“1250 to -1300 millivolts SCE due to the high current levels 
which would be required if the entire specimen surface were 
open to the environment. Based on the polarization experiment 
discussed previously, it was determined that the current 
necessary to maintain the required potential would be 10 
mMilliamps for every one square centimeter of surface area 
exposed. For 14 uncoated specimens, this would amount to 
about 1.7 amps per specimen or about 24 amps total current 
required. Coating was anticipated to reduce this requirement 


to about 20 milliamps per specimen or about .28 amps total. 
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TABLE 3.4 


SAW (S) AND GMA (G) WELDED SPECIMENS 
COMPLIANCE CORRELATION 


CRACK MEASURED CALCULATED REFERENCE 82 
LENGTH COMPLIANCE COMPLIANCE COMPLIANCE 
in in/lb in/lb in/lb 
(mm) (mm/N) (mm/N) (mm/N) 
mm oe by = 5 
10 x 10 x 10 
Si 1.040 1.6935 1.787 1.738 
(26.41) (191.64) (202.0) (196.4) 
S2 1.989 1.787 1.934 1.864 
(27.66) (202.0) (218.6) (210.7) 
SS O.9971 lees 1.650 1.621 
eels) (172.4) (186.5) (183.2) 
$4 beet Pe oh Zola 1.934 
(28.27) (197.9) (227.4) (218.6) 
SS O.988 loa? 1.643 1.614 
(2a. 10) (1862.9) (185.7) (182.4) 
S6 1.263 1.612 2e Jol 2eg2t) 
(52.08) (182.2) (289.4) (284.8) 
S7 1.008 1. SS2 1.695 1.662 
(Za. OU) (178.8) (191.6) (187.9) 
59 ieee 1.868 ee Oe Zoe < 
(29.69) C2 iis 1) (248.9) (239.8) 
so eee 2.058 2.066 here 
(28.70) (232.6) Ce ol) (224.1) 
Gi P2OS2 1.626 1.764 as eo 
(26.21) (183.8) (199.4) (194.3) 
G2 tS os ease 5.77 1 1. 7/26 
(26.29) (15250) (200.2) (1935.-1) 
G4 be tS 1.896 2.9078 1.992 
(28.78) (214.3) (234.9) C22acan) 
GS 0.961 1.546 ies deg ca 
(24.41) (174.7) (177. 3) (173563) 
G6 1.017 toe a7 LS 1.683 
(25.83) (180.5) (194.3) (190.2) 
G7 1.949 12700) Leelee ie 7o7 
(26. 64) ClO 2s) (204.8) (198.8) 
G8 1.001 1.465 1.676 1.645 
(25.43) (165.6) (189.4) (185.9) 
GO 1.969 1.743 1.872 1.807 
C272. 1-:5) (197.0) (211.6) (204.2) 


7S 





SH1 


Sriz 


SH3 


SH4 


SHS 


SH6 


SH8 


SH9 


SHO 


GH1 


GHS 


GHS 


GHS6 


GH7 


GH8 


GH9 


GHO 


SAW 


CRACK 
LENGTH 
in 
(mm) 


1.9003 
(25.48) 
0.937 
Cea) 
1.9002 
(25.45) 
Onc 7 
CoS?) 
0.970 
(24.64) 
0.900 
Cleo) 
O.984 
(24.99) 
1.965 
(27.035) 
O97 
(24.77) 


1.936 
(26. 31) 
1.116 
(28.35) 
0.959 
(24.34) 
1.516 
(33.43) 
0.977 
(24.82) 
0.980 
(24.89) 
1.151 
(29 325) 
1.026 
(26.06) 
1.158 
(29.41) 


(SH) 


TABLE wes 


(GH) 
COMPLIANCE CORRELATION 


AND GMA 


MEASURED 


COMPLIANCE 


in/lb 
(mm/N) 


x» 10 


E67 Ss 
(189.4) 
1.479 
(167.2) 
1.604 
Lets S) 
Leo. e 
(lees) 
12 oes 
(178.9) 
Veo 1 
ls, 0) 
3o7 7 
C1 2) 
12737 
(202.0) 
1.706 
(192.8) 


1.802 
(205.7) 
e762 
(221.8) 
1.5982 
(178.8) 
2.000) 
CZ 7a. a 
1.684 
(190.3) 
1.626 
(183.68) 
Ze110 
(250.0) 
1. 70 
(197.8) 
eos 


(237.7) 


=o 


176 


in/lb 
(mm/N) 


©) 


1.681 
(190.0) 
1.516 
(171.4) 
1.678 
(137.7? 
1.6709 
(168.8) 
1.594 
(180.2) 
1.425 
(161.1) 
1.6351 
(184.4) 
1.861 
(210.3) 
1.607 
(181.6) 


1.772 
(200.6) 
2aoZe 
(220055) 
1.567 
Cl7 7.1) 
2.792 
(315.6) 
1.611 
Cl62,.) 
Pele 
(183.90) 
2. lSo 
(241.8) 
1.745 
C197.) 
2.1635 


(244.4) 


HAZ SPECIMENS 


CALCULATED 
COMPL TANCE 


aes 


REFERENCE 82 
COMFLIANCE 
in/lb 
(mm/N) 

(=) 
x» 19 


1.650 
(166.0) 
1.500 
CLS 92 40 
1.648 
(186.3) 
1.641 
(les 7a) 
12071 
(177.6) 
1.412 
C1S5~-6) 
1.605 
(181.4) 
eva: 
C205 a2) 
Poseeo 
CI7 Say) 


eee 7 
(195.4) 
1.942 
(25953? 
1.546 
(174.7) 
226509 
(207 3) 
1.587 
(179.4) 
12395 
(180.2) 
2-944 
(231.0) 
1.705 
C192. 7) 
2-064 
(252. 5) 





Nl 


7" 
eee! 


N4 


N6& 


N7 


CRACK 
LENGTH 
in 
(mm) 


hes. 
CSoeou) 
Ie ey ct at 
(42.03) 
eee) 
CS@Gria) 
0.986 
(25.04) 
1.442 
(36.62) 
eae 
Coa) 
1201 1 
(25.68) 


TABLE 





BASE METAL 
COMPLIANCE CORRELATION 


MEASURED 
COMPLIANCE 


in/lb 
(mm/N) 


» 10 


22920 
(284.8) 
72054 
(Sy baz) 
Sa ey 
(428.0) 
a OY 
C1912, 9) 
3.326 
(S7an 7) 
2a DOS 
(283.1) 
Og 2 
Cio Te } 


oJ 


© 


(N) 


<6 


177 


SPECIMENS 


CALCULATED 
COMPLIANCE 
in/lb 
(mm/N) 
[ 
le: 


2.7890 
(314.2) 
3.140 
(580.9) 
32825 
(432.1) 
Lee a7 
(185.0) 
3.441 
(388.9) 
2.604 
(294.3) 
1.703 
(192.5) 


REFERENCE 82 
COMFLIANCE 
in/lb 
(mm/N) 

-—5 
x 10 


Sele 
(296.4) 
32053 
(371.1) 
2.2681 
(416.0) 
1.609 
(181.8) 
Seo? 
(377.4) 
ee J42 
(207... 
Vmoo7 
(188.6) 





56 


57 


S9 


50 


G1 


G6 


7 


68 


GO 


TABLE 5.7 


SAW (S) AND GMA 


(G) WELDED SPECIMENS 


NOMINAL AND ACTUAL COD AND STRESS INTENSITY VALUES 


NOMINAL COMFUTED 
Sime oo COD 
INTENSITY 
ksi/in in 
(MFia/m) (mm) 
100 -0268 
(109.9) (9.681) 
110 29304 
Cla 7) (C(O, 772) 
110 »-0280 
(120.9) (O77 V1) 
100 ~0265 
(109.9) (0.673) 
100 ~0266 
(109.9) (9.676) 
90 ~90268 
(98.90) (90.681) 
1190 » 0287 
(120.9) (O. 729) 
90 2027 
(98.90) (0.658) 
oO »~9266 
(98.90) (0.676) 
100 ~0269 
C1LO9 .9) (9.683) 
90 ©0246 
(98.90) (9.623) 
9O 0262 
(98.90) (0.663) 
100 9259 
ClLOy. 9) (0.658) 
110 aoe 
(120.9) (9.7357) 
110 20296 
(120.9) (C(O. 792) 
Te 0290 
(120.9) (GAs) 
100 ~O281 
(109.9) (0.714) 
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ACTUAL 
COD 


in 
(mm) 


~90268 
(O. 681) 
Jone. 
C(O, 77a) 
-0287 
(Oly) 
~0266 
(0.676) 
~9266 
(9.676) 
2O2o7 
(0.678) 
pO gsr 7 
(9.759) 
292560 
(0.660) 
~O270) 
(0. 686) 


0271 
(0. 688) 
0246 
(0.625) 
29267 
(0.678) 
0262 
(9.665) 
0299 
(Qa faa7) 
9300 
(9. 762) 
29292 
(O. 742) 
»0282 
C(O. 717) 


ACTUAL 

STRESS 

INTENSITY 
ksi/in 
(MFa/m) 


96.9 
(106005) 
106.35 
(iP. 0) 
G7 7 
(118.6) 
91.1 
(100.1) 
L@Q.. 
(lie, 1) 
82.6 
( 90.8) 
Pies 
Ci22.0) 
82.3 
( 90.4) 
91.4 
(100. 4) 


9738.7 
(108.5) 

89.9 
( 98.4) 

90.2 
C Fo on) 
100.8 
(110.8) 
110.4 
(121.3) 
108.1 
(118.8) 
108.8 
Ci oe 
100.1 
(110.0) 





SH 1 


SH2 


SH4 


SHS 


SH& 


SH& 


Sr 7 


SHO 


GH1 


GH2 


GHS 


GHS 


GH6é 


GH7 


GH8 


GH9 


GHO 


TABLE 





SAW (SH) AND GMA 
NOMINAL AND ACTUAL COD 


NOMINAL COMPUTED 
STRESS COD 
INTENSITY 
ksi/in in 
(MFP a/m) (mm) 
100 ~9267 
CVOG, 5) (0.678) 
110 ~0274 
C20, 7 ) (0. 696) 
100 27, 
(109.9) (0.678) 
90) 90236 
(98.90) (Ofa77) 
110 20293 
Cr2O. 9) (QO. 744) 
110 ley 2 
(120.7) (Ooo 7 1) 
100 0259 
(109.9) (9.658) 
90 ~O249 
(98.90) (OTGa2) 
90 202.57 
(98.90) (0.602) 
100 O27 
Chea. >) (Orc 70 
90 ~0O2564 
C72 70) (0.670) 
120 20283 
(120.9) (O2719) 
100 FOS oe 
CLoa >) (0,838) 
110 »0287 
Gre. >) (0.729) 
110 262 
or2o. 7) (On 7 16) 
90 ~0268 
(76.5 70) (Oo. 681) 
100 lee 
(109.9) (0.683) 
7) 2O2Z72 
CoS. 70) (Oo. 691) 


8 


CA 


(GH) 


HAZ SFECIMENS 


AND STRESS INTENSITY VALUES 


We 


ACTUAL 
COD 


in 
(mm) 


e277 
(O. 703) 
~O27 7 
(0.703) 
Og) 
(0.686) 
0238 
(0.6035) 
~0294 
(0.747) 
~0286 
(O. 726) 
0252 
(0.6635) 


~O255 


(0.648) 
9237 
(0.602) 


0283 
(O77 719) 
~ 90267 
(0.678) 
90280 
(O57 U4) 
0336 
(9,853) 
~0292 
(O. 742) 
~0285 
(O. 742) 
~0268 
(0.698) 
,0272 
(0.708) 
Oa 
(OO. 708) 


ACTUAL 

StReos 

INTENSITY 
ksi/in 
(MFa/m) 


LOG. 
Chis. a) 
108.3 
(io 50) 
100.6 
(11@7 9) 
88.9 
(e777) 
1s ips | 
(12S 2) 
LioaS 
(126.7) 
7 @ 
(108.8) 
90.6 
( 99.5) 
89.2 
( 98.0) 


102.8 
(113.0) 

91.35 
(100. 6) 
107.8 
(118.5) 
100.5 
(110.4) 
PO ny 
(Jie 2) 
LO7e a 
(118.6) 

89.5 
( 98.4) 

Go. 
(109.3) 

90.3 
ON tae) 





TABLE 3.7% 


RASE METAL (N) SFECIMENS 
NOMINAL AND ACTUAL COD AND STRESS INTENSITY VALUES 


NOMINAL COMFUTED ACTUAL ACTUAL 
STRESS COD COD STRESS 
INTENSITY INTENSITY 

ksi/in in in ksi/in 
(MF a/m) (mm) (mm) (MFa/m) 

Ni 90 OS, -OSO7 92.0 
(Fae 70) (Oe7 a>) (QO. 780) C107 7-1) 

N2 90 ~O340 -9368 87.7 
(98.90) (0,864) (0.925) ( 96.4) 

a 100 »~0363 »O364 99.3 
(109.9) COL 22) (Ong e2o) (109.4) 

N4 100 20270 »O349 PeQiee 7 
Gras. 9) (9.686) (Oo, 886) (111.8) 

NS 90 StS 9 Soa 7 oo 
Cros 7) (O,810) (Oo, 831) (100.6) 

N6 100 SOS 2 1 ~O326 1) 2 
Clos =o) C(O. 3815) (O, 828) CT1O. 1) 

N7 ao 0295 -0298 11071 
(120.9) (Oo. 749) Gon. 77) (121.0) 
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5.3.3 TEST APPARATUS 





Following coating, the specimens were transported to the 
test facility and placed in a bath of recirculating synthetic 
seawater. The experimental arrangement is depicted 
schematically in Figure 29. As shown in the test matrix 
(Table 5.1), the 42 total specimens were subdivided into three 
groups of fourteen for the three corrosion potentials to be 
evaluated. Within each group of fourteen, the five different 
specimen material types (base metal, GMA weld metal, GMA HAZ, 
SAW weld metal and SAW HAZ) were torqued to two or three 
levels of stress intensity to fully cover the anticipated 


KK range. 
rec 


The free corrosion specimens were torqued, coated = and 
immersed on 7 January, LOG. A separate tank was used for 
these specimens to physically isolate them from the 
cathodically charged samples to minimize ionic interference. 
The cathodically protected (zinc-coupled) samples were 
torqued, coated and immersed on 17 January, 1986. The —-1000 
MV SCE potential was maintained with a Wenking 7OTS1 
Fotentiostat manufactured by G. Rank Electronik. The counter 
electrode was a .065 inch thick sheet of Hastalloy S, a nickel 
based alloy very similar in composition to Hastalloy CC and 
hence very noble with respect to iron and steel [12]. This 
material was chosen in lieu of the more commonly used platinum 
due to its availability and due to the expense of a large 
platinum sheet. The overcathodically protected (hydrogen 


generating) samples were torqued, coated and immersed on 223 
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FIGURE 29 - ‘Schematic of Test 
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Control of WOL Specimens in 
synthetic Seawater Environment. 
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January, 1986. The 1250 to -1300 MV SCE potential was 
monitored with a John Fluke 8600Q Digital Voltmeter with 
current supplied by a Sorenson Q@RD 20-4 4.0 amp Regulated 
Power Supply. The counter electrode used for this cell was 


also a sheet of Hastalloy S. 


During the course of the experiment, the specimens were 
visually inspected at least daily and voltage and current 
readings taken and adjusted if necessary. The specimens were 
removed from the seawater bath weekly for the first month and 
biweekly thereafter for observation with a travelling stage 
microscope. The side grooves required light abrasion to 
remove accumulated rust in order to monitor crack advance. 
This was accomplished with light nylon brushes, sandpaper and 


cotton tipped applicators. 
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5.4 SLOW STRAIN RATE TESTING 
5.4.1 BACKGROUND 


The slow strain rate (SSR) test for the evaluation of 
material susceptibility to stress corrosion cracking has now 
been in use for a number of years and has been widely 
accepted by the most skeptical of the experimental research 
community [86]. As the name implies, it 1s essentially a slow 
tensile test in the sense that a specimen is pulled apart ata 
constant strain rate until failure occurs. Its primary 
advantage over the related constant load and constant total 
strain tests is that it concludes with the failure of the 
specimen marking a distinct termination point. Under other 
forms of loading, failure may or may not occur and the test 
must be terminated at an arbitrary time. This may give rise 
to some doubt as to the validity of the test and result in 


considerable data scatter in otherwise identical experiments. 


The role of dynamic strain in SCC is central to the 
argument for the validity of the SSR test. Since most service 
failures appear to occur under conditions of static load, the 
case for dynamic strain merits some explanation. SCC is a 
crack initiation and propogation process under specific stress 
and environmental conditions. Even under constant load, the 
stress at the crack tip must increase for the crack to 
propogate. Whether this occurs due to electrochemical 
dissolution or film rupture or by some other mechanism is a 
theoretical issue which has been previously discussed and is 


immaterial to the current argument. Regardless of the 
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mechanism chosen, dynamic strain must play a role in SCC [87]. 
To show that this is in fact the case, Parkins (86) conducted 
a series of experiments with C-Mn steel loaded in ean 
environment of carbon trioxide-hydrocarbonate, which was known 
to cause SCC for a given range of potentials. To establish 
the baseline condition, the material was first loaded in the 
potential range known to cause SCC (Curve A of Figure 30) and 
then in the potential range where SCC did not occur (Curve #H). 
The difference between Curves A and EB then reflects the 
increased deflection caused by SCC crack initiation = and 
propogation. To validate the strain rate dependence, two 
additional tests were run. In the first, the potential was 
initially held in the non-SCC range for about 40 hours and 
then changed to the SCC range. Curve C reflects the fact that 
no SCC occurred. In the second, the potential was again held 
in the non-SCC range initially, but changed to the SCC range 
after about 12 hours. Curve D reflects the fact that SCC 
occurred. The only difference between the two tests was the 
creep rate or strain rate of the material following initial 
load application. For Curve C, the creep rate had dropped to 
ea very low value whereas for Curve D it remained at its 
initial high value. These results, along with similar results 
in other material/environment systems, confirm the fact that 


strain rate is a controlling parameter for SCC. 


The foregoing experiment points out another key aspect of 
the strain rate dependence of SCC in that there is some 


critical value of strain rate below which SCC will not occur. 
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FIGURE 30 - Beam Deflection-Time 
Curves for Constant Load Cantilever 
Beam Tests on C-Mn Steel in an Sscc 
Environment Showing Effects of 
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In fact, there iS an experimentally observed strain rate range 
with both an upper and lower limit for which a specific 
material/environment system will undergo SCC. Straining 
outside this range results in the same mode of failure which 
would have occurred in the absence of environmental effects 
(i-@. mo SCC detected). For example, T7i-SAI1-2.5Sn in Nall 
will undergo SCC in the range of a =o ‘o ee for 
unnotched specimens [88]. For most systems, strain rates in 
the range io to = ee promote SCC [86]. Steels 
generally exhibit the most severe SCC at a strain rate of 
=6 = 


about 10 second regardless of the specific SCC producing 


environment C87]. 


The upper limit on strain rate is fairly easy to explain. 
With a high strain rate, there is insufficient time for the 
crack to propogate relative to the strain occurring in the 
substrate (C85). Further, rapid straining does not allow 
sufficient time for the establishment of the electrochemical 
conditions necessary to promote SCC (86). The lower limit on 
strain rate is not as easy to explain and there is some 
conjecture as to its cause. The most plausible and widely 
held theories [87,88] emphasize the role of film formation in 
the SCC process. According to the Film Rupture Theory [30], 
straining induces the formation of slip-steps which emerge at 
the surface of the material, breaking the film in the process. 
The small area of metal thus exposed is anodic to the filmed 
regions adjacent to the emergent slip-step and is hence 


locally corroded by the environment. Once initiated, the 
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crack propogates in like manner as long as straining 
continues. The slow strain rate test induces slip-step 
emergence by the application of continuous strain, thus 


providing the conditions necessary for SCC to occur. 


Based on the Film Rupture Theory, the lower limit on 
strain rate may be explained in several ways. The first is 
based on the rate of film formation versus the rate of film 
rupture. If the conditions are such that a protective film 
covers the freshly exposed material from a film rupture event 
before the electrochemical conditions for localized corrosion 
can be established, then the crack won’t grow. The strain 
rate, which governs the rate of slip step emergence, would 
then have a lower limit determined by the film formation rate 
fey 1. A second related explanation is based on the fact that 
SCC causing electrolytes dissolve protective films at a finite 
rate (88). If the film that is stressed by the application of 
continuous strain is then dissolved and replaced by stress 
free film before it can rupture, then the exposure of fresh 
material to the corrosive electrolyte would be precluded. 
These conditions would also depend on alow strain rate to 
limit the rate of stressed film formation to that which could 
be removed and replaced. Finally, if SCC depends on a poorly 
protective film and slow straining allows for the formation of 
a more protective film, then SCC susceptibility would again be 


suppressed at some critical low strain rate. 


A Similar strain rate dependence does not occur in the 


case of hydrogen-assisted cracking (HAC) since the entry of 
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hydrogen into a material so as to cause embrittlement does not 
require film rupture. In fact, lower strain rates favor HAC 
since more time is available for the cathodic reduction 
reaction to generate hydrogen and for the hydrogen to diffuse 
into the material. An upper strain rate limit would = still 
occur in the case of HAC since some finite time is required 
for hydrogen generation and diffusion. The slow strain rate 
test performed at different strain rates can thus serve to 


identify the failure mechanism, as shown in Figure 31 (87]. 


The slow strain rate test also requires the establishment 
of an electrode potential within a well defined range to cause 
cracking. Since SCC is fundamentally an electrochemical 
process, its dependence on electrode potential is hardly 
surprising and has long been recognized [89]. In essence, the 
Cracking process requires a balance between the activity at 
the crack tip relative to the passivity of the crack sides. 
Again using the Film Rupture Theory, crack advance by SCC will 
occur only when the small area of exposed material at the 


crack tip is anodic with respect to the larger adjacent crack 


sides. The narrow range of electrode potential at which this 
relationship is possible defines the critical cracking 
potential range which depends not only on the 


material/environment system, but on the applied strain rate as 


well (881). 


The data derived from slow strain rate tests can be used 
to characterize the susceptibility of a specific material/ 


environment system to SCC and HAC both qualitatively and 
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FIGURE 31 - Comparison of the Effects 
Of Strain Rate on Stress Corrosion 
Cracking and Hydrogen Embrittlement. 
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Quantitatively. The most conclusive indication of 
susceptibility to environmental cracking is the qualitative 
analysis of the fracture surface by photomicrographic§ study 
and evaluation [90]. Fracture surfaces with cleavage planes 
characteristic of brittle failure and the presence of 
numerous secondary cracks perpendicular in orientation to the 
applied stress are unambiguous indications of environmentally 
induced cracking. These qualitative measures are supported by 
a wide range of quantitative parameters which characterize the 


strength and ductility of the material tested [86-88,90,91): 


(1) Reduction of Area {ROA - ROA quantitatively 


expresses the ductility of a material by taking the ratio 
of the change in the cross sectional area of the specimen 


due to testing to the initial area as follows: 


ROA = (A -A )/A 


oO.) Uf Oo 
Where A = Initial Area 
oO 
A = Final Area 
<£ 


A material with high ductility has a relatively high ROA 
in relation to one with low ductility since it can be 


deformed more extensively prior to fracture. 


(2) Time-of-Failure (TOF) - TOF provides a quantitative 





index of cracking severity since cracking promotes 
premature failure. Since TOF is not an absolute measure 
it must be correlated to a baseline condition to provide 


a relative measure of cracking severity. Typically, TOF 


LyA 





values measured during an SCC slow strain rate test are 
divided by TOF values measured under identical strain and 
temperature conditions in an environment that does not 
promote SCC. For TOF data normalized in this manner, a 


value less than one indicates SCC or HAC susceptibility. 


(3) boad-Extension Curve Parameters - During slow strain 
rate tesing, a plot of applied tensile load versus 
specimen elongation is obtained. For most materials, the 
curve has three distinct regions: the elastic region in 
which load increases linearly with elongation; the 
uniform plastic region in which load continues to 
increase at less than a linear rate until the onset of 
necking: and the plastic region in which load decreases 
as the specimen necks ultimately falling to zero at 
failure. Numerous parameters can be measured from the 
load extension curve to serve as arelative index to SCC 
or HAC severity. As shown in Figure 32, these include 
load at yield (L ), maximum load (L), failure load (L ), 
uniform ee cngation (e ), total elongation 7 ) 
and area under the curve (A). " The derived parameters 2 
yield strength (YS), ultimate tensile strength (UTS), and 
failure strength (FS) may then be determined by dividing 
L , L, and L respectively by the original specimen cross 
Bt vonal . Under conditions which cause 
environmental cracking, the curve will typically be 


smaller and shorter as indicated in Figure 32 so that any 


of the above parameters may be used to characterize 
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FIGURE 32 - Parameters Derived from 
Load-Extension Curve. 


193 





relative SCC or HAC susceptibility. 


(4) Zero Gage Length EGlengsation i{@) - Elongation 


measurements taken during slow strain rate testing are 
not directly comparable due to cross sectional area 
changes that vary with the ductility of the material. To 
eliminate this effect, the constancy of volume may be 
employed to derive the zero gage length elongation’ from 


ROA data as follows: 


A* L = AL by constant volume 
20 


L/L #@ A/A 


oO oO 
ROA = (A - A D/A © 1- A A 
O Oo 
e =e (lL - L O/L = 1 - ASA 
O Oo 


1 - (1/¢1-ROA)) 


ROA/ (1 - ROA) 


Where A = Final Area 
A = Initial Area 
L = Final Length 
L = Initial Length 
re = Zero Gage Length Elongation 


The zero gage length elongation (e) may then be used to 
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directly compare the results of slow strain rate tests 
conducted with different materials and/or environments as 


a measure of ductility. 


Numerous other quantitative measures and correlations 
have been proposed as key indicators of susceptibility to SCC 
aie HAC. Regardless of the index or indices chosen, it has 
been found experimentally that the slow strain rate test is so 
severe that it may give ambiguous quantitative results [87]. 
The best indicator must ultimately be the qualitative 
evaluation of the fracture surface supported by quantitative 


measures of strength and ductility parameters. 





5.4.2 SAMPLE PREPARATION 





Slow strain rate specimen blanks were saw cut from the 
welded plates to a convenient size for machining of the base 
metal, SAW and GMA weld metal and heat-affected zone 
specimens. All of the blanks were cut out parallel to the 
weld axis in the plate longitudinal direction as shown in 
Figure 33. This configuration was selected to ensure that the 
entire specimen blank would have a uniform cross-sectional 
composition. Due to the "K" weld geometry, a specimen taken 
through the plate thickness would have sections of base metal, 
weld metal and HAZ along the length of the specimen. 
Subsequent SSR testing would then have only revealed which of 
the three regions was the weakest, for failure would always 


occur in the same material. 


The location of the heat-affected zone was determined by 
macroetching the end of the blank with a SG percent Nital 
Solution as was done with the WOL specimens. There was no 
need to etch the ends of the weld metal blanks since the 
entire blank was removed from the weld metal volume. The 
specimen blanks were subsequently machined to the final 
specimen geometry shown in Figure 34. Just prior to testing, 
the gage length section of each specimen was polished with 3&3 
micron METADI-2 Diamond Compound for Metallography 


manufactured by Bueheler, Ltd: to remove any surface 


imperfections. 
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FIGURE 33 - Orientation of Slow 
Strain Rate Specimens Removed 
from Weldments. 
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FIGURE 34 - Slow Strain Rate 
Specimen used for Experiments. 
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5.4.3 TEST APPARATUS 





Slow strain rate testing was conducted on two different 
tensile loading machines. An Instron Universal Testing Machine 
Model TTC M1.6 with a minimum crosshead speed of .902 inches 
per minute (.05 mm per minute) was used for the highest strain 
rate test. With a 1/2 inch (12.7 mm) gage length, the strain 
rate was then: 

=< 


(,002 in/min) X (1 min/60 seconds) = 6.67 x 10 /sec 
1/2 inch 


Since this was the minimum crosshead speed, a second machine 
was procured and installed for the lower strain rate testing. 
An Instron Model 11231 with a crosshead speed of .00025 inches 
per minute (¢(.900635 mm per minute) was used for the lower 
Strain rate of 8.335 x 10 ee derived as above. 


The potentials used for the testing at the two strain 


rates are shown in Table 3.1 and are the same as those used 


for WOL testing. Selected tests were also conducted at a 
i 
Slower strain rate (8.33 x 10 /sec) and at a faster strain 
—4 
rate (1.67 x 19 /sec) to provide data for assessment of the 


strain rate dependence of key parameters. 


A&A schematic of the slow strain rate test apparatus 15 
shown in Figure 35. For free corrosion tests, the specimens 
were immersed in synthetic seawater at room temperature with 
no potentiostatic control. For the cathodically protected and 
hydrogen charging tests, a Wenking 7OTS1 Potentiostat was used 


with a saturated calumel reference electrode and a platinum 
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FIGURE 33 - Test Apparatus used for 
Slow Strain Rate Testing. 
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counter electrode to control the potential at either -1000 mv 
SCE or -1250 mv SCE as required for the specific test. A plot 
of load versus displacement was made during each test for 
subsequent data evaluation and analysis. Following 
failure, each specimen was removed from the seawater test 
enclosure and rinsed with acetone. The final diameter of each 
specimen was then measured with a hand-held micrometer under a 
4X stereoscopic microscope for improved accuracy. The 
fracture surface of each specimen half was finally coated with 
an acetate film to protect the fracture surface from damage or 


further corrosion for future photomicrographic evaluation. 





6. RESULTS OF EXPERIMENTAL RESEARCH 
6.1 WEDGE-OPENING LOAD TESTING 


At the conclusion of the test, the specimens were removed 
from the seawater bath, dried and cleaned to remove corrosion 
products from the exposed surfaces and scraped to remove the 
wax coating from the protected surfaces. The total test 
duration was 2016 hours for the free corrosion specimens, 1488 
hours for the cathodically protected specimens (-1000 mv SCE) 
and 1608 hours for the cathodically oaverprotected/hydrogen 
generating specimens (-1250 mv SCE). Following transport to 
the mechanical test facility, the specimens were clamped ina 
vise and unloaded while monitoring the COD with a clip gage at 
the mouth of the specimen using identical but opposite 
procedures to those followed in the loading sequence (Section 
aes 2) » Each specimen was subsequently mounted on the MTS 
tensile testing machine used for precracking and loaded to the 
COD measured during unloading to determine the final arrest 
load (Parrest). Compliance measurements were taken every 
2,900 pounds (8,900 N) by monitoring the change in COD for 


subsequent crack length correlation. 


The 20,000 pound (89,000 N) load limit of the available 
testing machine precluded specimen separation by direct 
application Of load for all but a few specimens (those with 
long cracks and small remaining ligaments). Time constraints 
for data accumulation precluded an extensive cycling program 
to further fatigue the specimens and extend the cracks. 


Consequently, the specimens were rebolted open to the maximum 
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extent physically possible and placed in a bath of liquid 
nitrogen. After allowing approximately 30 minutes for 
temperature equalization, the specimens were removed from the 
bath and subjected to an impact load. The combination of 
applied stress, low temperature and an impact load produced a 
clean Break in the plane of the crack. Although this somewhat 
unorthodox procedure is contrary to standard practice [3,82], 


it proved highly effective in producing the desired result. 


Following specimen fracture, crack lengths were measured 
with a travelling stage microscope at each face and at the 
center of the specimen. An average crack length was then 
computed as recommended by Novak and Rolfe (€82] according to: 

a + 4a + a 
a . ter r 
average 6 
The crack length data is presented in Table 6.1 with the 
initial estimated crack length for comparison purposes (in 
both Tables 6.1 and 6.2 specimens are coded by S for SAW weld 
metal, G for GMA weld metal, SH for SAW HAZ, GH for GMA HAZ 
and WN for base metal). The final stress intensity was then 
computed from the average crack length and the arrest load 


(Farrest) data as follows (82): 


(Parrest) (C (a/W)) 


K = eee. USEF 
I 
/ (B)(B ) (a) 
N 
where the variables are as previously defined. Final stress 


bJ 
© 
tl 





intensity values are presented in Table 6.2 with crack length 


and compliance data for each specimen. 


While exposed to the seawater test environment, the crack 
sides became heavily corroded, effectively precluding 
microscopic evaluation of the final fracture surfaces. In 
order to clean the fracture surfaces for observation, a 
chemical etching solution was employed to remove corrosion 
products. The mixture used was 3 ml of hydrochloric acid 
(HCl) inhibited with 4 ml of 2-Butyne-1,4-diol in 50 ml of 
deionized water [92]. Selected specimens (1.@e. those 
specimens for which crack extension was predicted by crack 
length measurement) were placed in the inhibited acid bath for 
50 seconds and subsequently rinsed in deionized water and then 
alcohol. The chemically etched specimens were then inspected 
with a stereoscopic microscope to evaluate the extent of 


cracking. 





TABLE 6.1 
WEDGE-OPENING LOAD (WOL) 
CRACK LENGTH CALCULATIONS 


CATHODICALLY OVERFROTECTED-HYDROGEN GENERATING 
(-1250 MV SCE) 


SFECIMEN S/S) CENTER RIGHT AVERAGE INITIAL 
LENGTH LENGTH LENGTH LENGTH LENGTH 
in in in in in 
(mm) (mm) (mm) (mm) (mm) 
7 0.42 0.54 ea! 0.49 0.40 
(10.74) (13.67) (8.89) (12.45) (10.16) 
$1 Oooo 0.44 0.24 0.38 O.27 
(8.30) Cie Os) (6.10) (9.65) (6.85) 
S/7 Ope 0.435 0.24 7 0.24 
(a2509) (11.48) (6.190) (9,40) (6.10) 
(1 Onl? 0.44 ren Oso QO; 26 
Cowes) Cli io) (7.07) (9765) (6.60) 
G7 Oe 0.43 0.30 0.38 0.28 
(6.40) (11.00) (7.62) (9.69) C7e11) 
SHO Ouae Ong Oe 0.30 One 
(Sao (8.94) (3.89) (7.62) (ainao. 
SH3 One OsSl 0.20 0.28 Oyes 
COs) (7.87) (3.08) (Jett) (3.84) 
SH& Ciel 0.28 On lhe 0.23 OES 
(2577) C791 1) (3.89) (5.84) Cle) 
GH8 0.44 Oo. 44 0.28 0.41 0.38 
Cit. ys) (17,10) (7.41) (10.41) Caen) 
GH1 Onze 0.36 Ono d OO. SS Oo2y 
(5.56) (9,14) (7.87) (8.30) (6.85) 
GHé On 2a 0.30 Glee 0.28 Ome | 
Com co (7.62) (6.55) (71) (5.34) 
NS 0.60 0.66 0.67 0.66 0.67 
(16.01) (16.76) (17201) (16.76) (17.01) 
N6é Ocal) One Oo! Of S2 QO, a0 
(12.75) Clea 1) (12.93) Clase a2.) (12.70) 
N7 Once) O,ac ere? Oe 7 0.29 
C6goc) Cle (6.86) (6.86) C7 So) 
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WEDGE-OFENING LOAD 


TABLE 





6.1 


(CONTINUED) 


(WOL) 


CRACK LENGTH CALCULATIONS 


CATHODICALLY FROTECTED 
1000 MV SCE) 


SFECIMEN 


G4 


GO 


G8 


SH9 


Sake! 


SH2 


GHO 


GHS 


GH7 


N1 


NS 


LEFT 
LENGTH 
in 
(mm) 


0.40 
(10.16) 

0.28 
(7s) 

0.13 
(3.50) 


0.38 
(Fee. 
0.19 
(4.83) 
O.15 
(3.61) 


Ona? 
(6.86) 
0.24 
(6.19) 
O.21 
(S.353) 


0.38 
(9.63) 

0.45 
(11.43) 

O.12 
(3.05) 


O,95 
(13.97) 

O72 
(18.29) 


CENTER 
LENGTH 
in 
(mm) 


0.94 
Ci S72) 
0.38 
(9.695) 
O35 
(8.89) 


O04 45 
(11.43) 
O.41 
(10.41) 
0.354 
(8.64) 


0.34 
(8.64) 

0.32 
(SaaS) 

0.31 
(7287,) 


0.45 
(11.43) 

0.57 
(14.48) 

0.31 
(7.87) 


0.93 
(1.3.46) 

0.735 
(19.05) 
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RIGHT 
LENGTH 


(mm) 


Oeo2 
(8. FS) 
O,i2 
(3.058) 
Oe 27 
C77? 


0.36 
(9.14) 
0.40 


(10.16) 


0.29 
(7.37) 


O31 
(7.87) 
0.22 
pe kp), 
O.12 
(3.05) 


0.38 
(9,65) 

0.37 
(9,40) 

0.16 
(4.06) 


0.54 


(13.72) 


0.75 


(19.05) 


AVERAGE 
LENGTH 
in 
(mm) 


0.48 
ClZai) 

Omoe 
(8.13) 

0.430 
(7.62) 


0.42 
(10.67) 

0.37 
(9.40) 

0.390 
(7.462) 


QO. 32 
(8.13) 
0.29 
(7, S72 
QO.26 
(6.60) 


0.43 
(10.92) 

0.51 
CPZ.) 

0.26 
(6.60) 


Ono 
(13.46) 
On 7a 
Clo Gc) 


INITIAL 
LENGTH 
in 
(mm) 


O. 36 
(9.14) 
oes 
(3.9) 


0.22 


(5.597) 


0.56 
(9.14) 
QO. 30 
(7.62) 
0.235 


(5.84) 


0.30 
(7.462) 

0.235 
(5.84) 

O.17 
(4,32) 


0.39 
(Si 1) 

0.42 
(10.67) 

0.21 


(3.33) 


0.594 
(13.72) 

0.75 
(18.54) 





WEDGE-OPENING LOAD 


TABLE o.} 
(CONTINUED) 


(WOL) 


CRACK LENGTH CALCULATIONS 


FREE CORROSION 
(—435 MV SCE) 





SFECIMEN LEFT CENTER RIGHT AVERAGE INITIAL 
LENGTH LENGTH LENGTH LENGTH LENGTH 
in in in in in 
(mm) (mm) (mim) (mm) (mm) 
56 0.590 0.64 0.41 0.98 Oia 6) 
(12570) (16. 26) (10.41) (14.73) C127 ©) 
54 O F535 O.48 0.42 0.45 0.34 
(8.38) Clael9) (10.67) (11.43) (8.64) 
S2 0.27 0.48 0.36 0.43 Oo. 22 
(6.86) (12.19) (9.14) Ou 2) (8.13) 
G2 Ona, 0.41 0.15 0.36 0.26 
(9,40) (10.41) (3.81) (9.14) (5.60) 
GS 0.14 0.30 0.26 ©, 27 0.19 
(3.06) (7.62) (6.450) (6.86) (4,83) 
GS Oe 0.46 QO.21 Oo. 40 Os 2a 
(8.38) lle Os) (SREY, (10.16) CG) 
SH4 0.24 One 0.20 Oe ot Onze 
(6.10) (8,69) (S.08) (7.87) (S.84) 
SHE 0.24 0.34 0.20 oe ie) Oe 21 
(6.10) (8.64) Ca. OB) (7.62) Coa So 
SHS On Zo OSS 0.18 0.28 0.20 
(5.08) (8.38) (4.57) (7211) (5.08) 
GH2 0.45 0.36 oO. aa 0.36 O25 
(11.43) (9,14) C6. So) (9.14) (8.89) 
GH9 0.34 0.34 Oacil7 0.351 0.26 
(8.64) (8.64) (4.32) C77) (5.60) 
GH 0.14 0.30 O.21 0.20 0.19 
(Ss JO?) (7.62) (3.33) (6.85) (4.83) 
N2 0.91 0.99 0.87 0.990 0.89 
(235.1) (22.86) (22.10) (22.86) (22.61) 
N4 0.22 0.26 Ones Onze 0.22 
(3.59) (6.60) (S. 84) (6. ou) (3.59) 


PUG 





TABLE 6.2 





WEDGE-OPENING LOAD (WOL) 
STRESS INTENSITY CALCULATIONS 


CATHODICALLY OVERPROTECTED-HYDROGEN GENERATING 
(1250 MV SCE) 


SPECIMEN CRACK Farrest C (a/W) SliReESS 
LENGTH 3 INTENSITY 

in lbs ksivVin 

(mm) (N) (MF avm) 

S9 1.26 10905 Fale 81 

(32.00 (48505) (89) 

$1 lelo 1S1738 6n17 89 

(29.21 (58594) (98) 

S7 1.14 145359 6.10 97 
(28.96 (64758) C17 > 

Gi Le lS 13967 6.12 94 
C27 eel (62125) (103) 

G7 Delo 14565 faye, UTE 98 
(29.21 (64785) (108) 

SHO LeO7 12502 a. oO 78 

(27.18 (55609) (B46) 

SHS 1.05 14363 we 42 B89 

(26.67 (63886) (98) 

SH6 1.900 16314 ae Oe 96 
(25.40 (72565) (106) 

GH8 1.18 11726 6.42 81 

CAG 9 7 (32157) (B9) 

GH1 he Ne. 14178 we 74 91 
(27.94 (63064) (100) 

GH6 1,058 15169 7 94 
(26.67 (67471) (103) 

NS 1.44 8875 9.29 BO 

(36.58 (39476) (88) 

N& 1.29 11301 7244 87 

Catan 7 (50,267) (96) 

N7 1.04 14615 sk 89 

(26.42 (65007) (98) 
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TABLE 6.2 
(CONTINUED) 


WEDGE-OPENING LOAD (WOL) 
STRESS INTENSITY CALCULATIONS 


CATHODICALLY FROTECTED 
21000 MY SCE) 





SPECIMEN CRACK Parrest C (a/W) STRESS 
LENGTH 2 INTENSITY 

in lbs ksi/in 

(mm) (N) (MF avm) 

So 25 11415 720904 84 

(26.67) (92) 

Ss 1.09 12962 J. Og 82 

(27.69) (90) 

$3 1.08 15248 o Ae7 96 
(27.43) (106) 

G4 1.19 11922 6.00 84 

(S30), 235 (53029) (92) 

Go 1.14 14272 6.08 99 
(28.96 (63482) (104) 

G8 1.07 15122 a er 95 
(27.18 (67263) (104) 

SH9 oF 12376 5.69 79 

(27.69 (55048) (87) 

SH1 1.06 14931 5.47 93 
(26.92 (66413) (102) 

SH2 1-203 15075 icc 92 
(26.16 (67054) (101) 

GHO 2 O 11957 6.06 84 

(30,48 (53185) (92) 

GHS 1.28 10961 7236 B84 

(S32, 01 (48755) (92) 

GH7 1.903 15456 Gils 2 2 93 
(26.16 (68748) (102) 

Ni 1.30 10712 7 7 84 

33.02) (47647) (92) 

NS leoe 8623 10.05 87 

(38.61 (383535) (96) 


ze. 





TABLE 6.2 
(CONTINUED) 


WEDGE-OPENING LOAD (WOL) 


STRESS INTENSITY CALCULATIONS 


FREE CORROSION 
(-435 MV SCE) 


SFECIMEN CRACK Parrest C (a/W) STRESS 
LENGTH & INTENSITY 

in lbs keivVin 

(mm) (N) (MPavm) 

S6 oe 10335 oS. 10 83 

(34.29 (446059) (94) 

84 Pee 11910 6.75 85 

(30,99 (52976) (94) 

Sz 1.20 13789 6.909 97 
(30.48 (61333) (108) 

G2 1214 12707 5.96 84 

(28.70 (56521) (92) 

GS 1.04 14363 5.30 88 

(26.41 (63887) C77) 

G6 ek 7 14269 6.29 98 
(29.72 (63469) (108) 

SH4 1.08 12637 5.598 80 

(27.43 (56209) (88) 

SH8 Peo 13197 imesh 83 

(27.18 (S8700) (91) 

SHS yO bal) 15125 Sia, 93S 
(26.67 (67276) (102) 

GH2 Pees 12772 3.87 83 

(28.19 (56810) (91) 

GH9 1.908 13349 Je O2 85 

(27.43 (59376) (93) 

GH3 ao 15078 Sri t 91 
(265.16 (67067) (100) 

N2 1.6/7 6159 14.05 79 

(42.42 (27395) (87) 

N4 1.02 13879 oe 7 8:5 

(25.91 (61734) (91) 
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6.2 SLOW STRAIN RATE TESTING 


Raw data from slow strain rate testing were measured from 
the load-deflection curves and from the initial and final 
diameters of the fractured specimens. As discussed in Section 
3.4.1, key parameters from geometry data are the reduction of 
area (ROA) and the zero gage length elongation (e). These 
derived parameters for the 6.67 X Ween strain rate are 
tabulated with the final diameters in Table 6.3 where they are 
separated according to the applied potential and in Table 6.4 
where they are separated according to specimen type. Tables 
6.9 and 6.6 present the same data for the 8.33 xX ee 
strain rate. Specimens are identified in these tables by a 
code consisting of a single letter prefix, a single or double 
letter suffix and a numerical identifier. The prefixes N,S 
and G designate base metal, submerged arc weld (SAW) and gas 
metal arc weld (GMAW) materials respectively. The dual letter 
for the base metal (N) specimens indicates the orientation of 
the sample as removed from the as-received plate. The absence 
of a suffix for the base metal samples indicates the LT 


(standard) orientation. The single letter suffixes for the & 


and G specimens indicate weld metal (W) or heat-affected zone 


(H) material. The numerical identifiers serve as a means of 
uniquely designating individual specimens for control 
purposes. These identifiers were assigned to individual 


specimen blanks as they were saw cut from the as-received 
Plate and hence additionally serve as a means of determining 


the longitudinal and through thickness location of each 


specimen. Flots of ROA versus potential and zero gage length 


al 





elongation versus potential are shown in Figures 36 and 37 for 


-5 


the 6.67 X 10 /sec strain rate and in Figures 38 and 39 for 
ase 
the 8.33 X 10 /sec strain rate. 
Load-deflection curve data include time of failure (TOF), 
uniform elongation, total elongation, yield strength, ultimate 


strength and fracture strength as discussed in Section 3.4.1 


and displayed schematically in Figure 32. TOF and uniform 


saad 


elongation data are tabulated for the 6.67 X 10 /sec strain 

rate in Table 6.3 by applied potential, and, with the addition 

of total elongation, in Table 6.4 by specimen type. Tables 

6.5 and ano again present the same data for the 
aad 


8.35 X 10 /sec strain rate. Flots of TOF, uniform elongation 


and total elongation versus potential are shown in Figures 40, 


~5 


41 and 42 for the 6.67 X 10 /sec strain rate and in Figures 
4S, 44 and 435 for the 8.32 X ba aes strain rate. 

The aforementioned parameters are all essentially indices 
to indicate the ductility of the material under test. 
According to Kim and Wilde (87), materials with similar 
mechanical properties display simple linear relationships when 
ductility parameters are cross-plotted. To assess data 
uniformity, cross-plots of TOF versus ROA, TOF versus total 
elongation and ROA versus total elongation are provided in 
Figures 46, 47 and 48 for the 6.67 X ee strain rate and 
in Figures 49, 3O and Si for the 8.33 X i fiec strain rate. 


Strain rate effects were investigated by conducting three 


additional experiments on SAW heat-affected zone material at 


bh 
pa 
bh 





three different strain rates. As shown in Table 6.7, a free 
~4 
corrosion test was conducted at 1.67 X 10 /sec and 


cathodically protected (-1000 mv SCE) and hydrogen generating 
—7 
(-1250 mv SCE) tests were conducted at 8.23 X 10 /sec. a 


plot of ROA versus strain rate for the three corrosion 


potentials is presented in Figure S32. 


Finally, strength data for each test were extracted from 


the load~deflection curves and are tabulated in Table 6.8 for 
~S 
the 6.67 X 10 /sec strain rate and in Table 6.9 for the 
~& 
= X 10 /sec strain rate. Flots of yield strenoth versus 


ee 


8. 
applied potential are presented in Figures S53 and 54 for the 


two strain rates. 


Fhotomicrographs of fracture surfaces were taken on a 
Cambridge Instruments Stereoscan 250 Mark 3 Scanning Electron 
Microscope (SEM). The effect of varying the applied potential 
to the specimens is shown in Figttre SS. The classic cup and 
cone ductile failure under free corrosion conditions (top 
photomicrograph) takes on an increasingly brittle appearance 
as the cathodic potential is increased, as evidenced by the 
middle (~1000 mv SCE) and bottom (=1200 mv SCE) 
photomicrographs. This general behavior was seen in all five 
of the materials tested under all strain rate conditions. 
Reduced ductility under increasingly cathodic conditions is 
further shown by the formation of numerous secondary cracks 
along the gage length as seen in Figure SS in the bottom two 


photomicrooraphs. A higher power magnification of these 


regions is shown in Figure Sé. Ductile regions of the 


2iss 


fracture surfaces displayed a Classic Guctile tear 
microstructure as shown in Figure 57. For the free corrosion 
specimens, this microstructure comprised virtually the entire 
fracture surface, the exception being the shear lips of the 
"cone" where final separation occurred. The fracture surfaces 
of cathodically protected and hydrogen charging specimens, on 
the other hand, had large areas of quasi-cleavage 
microstructure near the surface of the specimens. This 


microstructure is shown in Figure Sé. 


The effect of strain rate on fracture behavior was to 
produce a much more homogeneous fracture surface. Figure S9 
shows three specimens fractured at the lower strain rate 
egos x eS ase: at the three experimental corrosion 
potentials of free corrosion (top), cathodically protected 
(middle) and hydrogen generating (bottom). A comparison of 


these three fracture surfaces with those in Figure SS which 


are of specimens fractured at the higher strain rate 


=) 


Of 6.67 X 10 /sSec reveals that significant macroscopic 
tearing deformation was much more prevalent in the case of the 


latter. 


The effect of material type on the fracture behavior is 
shown in Figure 60, where the fracture surfaces of base metal, 
SAW weld metal and heat-affected zone and GMA weld metal = and 
heat-~affected zone specimens are shown. These specimens were 
all fractured at the higher strain rate of 6.67 X Tee a as 


evidenced by the macroscopic tears along the gage length at a 


corrosion potential of -1250 mv SCE as evidenced by the 
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presence of secondary circumferential cracking. The only 
appreciable difference among the material types is that the 
weld metal specimens fractured relatively uniformly on the 
plane normal to the direction of applied stress whereas the 
heat-affected zone and base metal specimens fractured along a 
shear plane approximately 453 degrees from the direction of 
applied stress. There was no appreciable difference among 
material types at the more anodic applied potentials of -1000 


my SCE and free corrosion (-435 mv SCE). 
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ABLE 6.3 


SLOW STRAIN RATE TESTING 
FOTENTIAL VARIATION DATA 
(STRAIN RATE .0000667/SEC) 


GAGE LENGTH = 1/2 INCH 


Df ROA ZERO Gol TOF UNIFORM 

(IN) (2%) ELONG. (HR) ELONGATION 
FREE CORROSION -“435 MV SCE 
NLT-1 0.90265 O. 784 32 650 0.750 0.059 
NSL-1 0.0410 O. 744 22906 0.775 0.065 
SW-15 0.0425 0.716 22I46 0.863 0.064 
GW-16 0,0420 0,719 2a IIT 0.846 0.072 
SH-16 0.0410 0.734 2e/39 1.030 0.105 
GH-15 0.0380 ane 3. 386 0.8653 0.067 
ZINC-COUFLED -1000 MV SCE 
NLT-2 0.90325 0,833 4.988 0.839 0.065 
SW-14 0.0465 0.662 1.959 0.6846 0.066 
GW-14 0.0460 0.669 2.921 0.6826 0.0635 
SH-14 0.0450 O. 684 2.2165 0.961 0.082 
GH-14 0.03580 O.774 3.425 0.733 0.046 
HYDROGEN GENERATING =e2oo MV See 
NSL-2 0.90565 0. 462 0.931 0.589 0.051 
SW-16 0.90625 0. 390 0.639 0.633 0.062 
GW-15 0.0545 0.028 Londo 0.667 0.0368 
om—1 5 0.9575 0.404 0.678 0.958 0.1135 
Sa—-1s 0.9650 0.340 0,515 0.5974 0.044 
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TABLE 6.4 





SLOW STRAIN RATE TESTING 
MATERIAL PROFERTY VARIATION 
(STRAIN RATE .0000667/SEC) 


GAGE LENGTH = 1/72 INCH 


SAMPLE CORROSION ROA Tor UNIFORM TOTAL 
FOTENTIAL ELONG. ELONG. 
(MV SCE) A) (HR) (2%) CA) 
NSL~1 4ao 0.744 0.773 0.965 0.159 
Pye 1000 0,635 0.839 0.9065 QO.1795 
NSL~Z 1250 0.482 0.589 0.051 Goel le 
SW-15 435 O.718 0.863 0.9064 0.173 
SW-14 1000 0.662 0.846 0.066 O.176 
SW-16 1250 0.390 0.635 0.9062 0.125 
GW-16 435 0.719 0.846 0.9072 0.176 
GW-14 1000 0.669 0.826 0.0635 O.171 
GW-15 1250 0.528 0.667 0.038 0.126 
sH-16 So O. 734 1.030 0.105 0.225 
SH-14 1000 0.684 0.961 0.9082 0.204 
Sa-13 20 0.404 0.958 0.113 O.211 
aia 1S 435 O.772 0.853 0.9067 0.176 
GH-14 1000 0.774 0.733 0.046 O.r5t 
Gi-15 ele) QO. 340 0.9594 0.044 0.110 





TABLE 6.5 


SLOW STRAIN RATE TESTING 
POTENTIAL VARIATION DATA 
(STRAIN RATE .900000833/S5EC) 


GAGE LENGTH = 1/72 INCH 


Df ROA ZERO G.L. TOF UNIFORM 

(IN) Ch) ELONG. (HR) ELONG. 
FREE CORROSION —-435 MV SCE 
GW-1 O,O381 ©. 764 eee 6.067 O.081 
SH-1 0.0280 0.869 6.634 72790 0.108 
GH-—1 0.90300 ©. 848 Jeaos? 6.790 0.090 
SW-1 0.9350 Oo. 799 Se. 77 a 6.633 0.066 
N-1 0.0310 ©O.840 See. 6.200 0.075 
ZINC-COUFPLED —-1000 MV SCE 
GW-2 0.0508 Cle cis Leogo 4.233 O.054 
SH-2 0.9465 0. 636 1.747 32 O67 0.066 
GH-8 O,0891 ©, 4335 ©. 764 4.517 O,056 
SW-2 0.0514 Oo. 561 1.278 we 067 0.9072 
N-2 O,O536 ao 1.119 De 450 0.074 
HYDROGEN GENERATING —-1250 MV SCE 
GW-S OS0s7 0 0.466 O.873 49.117 0.054 
SH-3 0.0650 0.297 0.422 Surly 0.0635 
GH-3 0.0675 O.2a1 O@55 a Pee rh en 0.047 
SW-3 0.90625 O.ool 0.941 4.183 0.972 
N-3 0.90670 Oo, 261 0.391 32067 O20 7-2 


TABLE 6.6 





SLOW STRAIN RATE TESTING 
MATERIAL FPROFERTY VARIATION 
(STRAIN RATE .9000006833/SEC) 


GAGE LENGTH = 1/72 INCH 





SAMPLE CORROSION ROA TOF UNIFORM TOTAL 
POTENTIAL ELONG. ELONG. 
(MV SCE) (A) (CHR) (4) (7%) 
N-1 ao 0.849 6.200 0.9075 0.197 
N-2 1000 0.528 9. 450 0.074 0.163 
N-3 1250 0.281 3.667 0.9072 0.110 
SW-1 435 0.799 6.633 0.066 0.185 
SW-2 1000 0.561 32067 0.9072 0.152 
SW-3S 1250 0.351 4.163 0.972 QO.125 
GW-1 435 0.764 6.067 0.9081 0.193 
GW-2 1000 0.9735 4.333 0.9054 0.130 
GW-3 1250 0.466 4.117 0.9054 0.119 
=) he | 435 ey.) 7.700 0.108 0.245 
st 2 1000 0.636 32967 0.9066 0.152 
SH-S 1250 0.297 oe 717 0.9065 QO.111 
Sri= 4 So 0.846 6.700 0.9090 0.213 
G2a—-6 1000 O.433 4.517 0.056 0.135 
StS 1250 0.2351 3.133 0.047 0.9094 





REDUCTION OF AREA (3) 


0 BASE METAL 
+ SAW WELD METAL 
© GMA WELD METAL 


Q& SAW HAZ METAL 
>< GMA HAZ METAL 





0.2 0.4 0.6 0.8 1 lez 
(Thousands) 
POTENTIAL (-MV SCE) 


FIGURE 36 - Reduction of Area Versus 
Potential (Strain Rate .0000667/sec) 
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ZERO G.L. ELONGATION (39) 





CO BASE METAL 
+ SAW WELD METAL 
© GMA WELD METAL 


& SAW HAZ METAL 
>< GMA HAZ METAL 


0.2 0.4 0.6 0.8 1 eZ 1.4 
(Thousands) 
POTENTIAL (-MV SCE) 


FIGURE 37 - Zero Gage Length Elongation 
(e) Versus Fotential (Strain Rate 
»9000667/sec) 


REDUCTION OF AREA (PERCENT) 
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0.4 







© GMA WELD METAL 
& SAW HAZ METAL 
> GMA HAZ METAL 






0.3 


0.2 


0 0.2 0.4 0.6 0.8 1 1.2 1.4 
(Thousands) 
POTENTIAL (-MV SCE) 


FIGURE S36 - Reduction of Area Versus 
Fotential (Strain Rate .20000833/sec) 


Lee 


ZERO G. L. ELONGATION (%) 


[) BASE METAL 
+ SAW WELD METAL 


© GMA WELD METAL 
& SAW HAZ METAL 
> GMA HAZ METAL 





0.2 0.4 0.6 0.8 | 1.2 1.4 
(Thousands) 
POTENTIAL (-MY SCE) 


FIGURE 39 - Zero Gage Length Elongation 
(e) Versus Fotential (Strain Rate 
-90000833/sec) 
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TIME OF FAILURE CHOURS) 


0.9 


0.8 


0.7 
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0.5 





1 BASE METAL 
+ SAV WELD METAL 


© GMA WELD METAL 
Q& SAW HAZ METAL 
> GMA HAZ METAL 


0.2 0.4 0.6 0.8 1 lof 1.4 
(Thousands) 
POTENTIAL (MV. SCE) 


FIGURE 40 - Time of Failure Versus 
Fotential (Strain Rate .0000667/sec) 


224 





ELONGATION (3) 


UNIFORM 


0.15 
0.14 
0.13 
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0.11 
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0.09 
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0.01 





() BASE METAL 
+ SAW WELD METAL 
0 GMA WELD METAL 


& SAW HAZ METAL 
>< GMA HAZ METAL 






OZ 0.4 0.6 0.8 1 ez 1.4 
(Thousands) 
POTENTIAL (MV SCE) 


FIGURE 41 - Uniform Elongation Versus 
Potential (Strain Rate .90000667/sec) 


TOTAL ELONGATION (Cs) 


0.26 
0.24 
0.22 
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0.18 
0.16 
0.14 
0.12 

0.1 
0.08 
0.06 
0.04 


0.02 





(10 BASE METAL 
+ SAW WELD METAL 
0.2 0.4 0.6 0.8 1 
(Thousands) 
POTENTIAL (-MV SCE) 


FIGURE 42 - Total Elongation Versus 


Fotential (Strain Rate 
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-90000667/sec ) 





TIME OF FAILURE CHOURS) 


0 BASE METAL 
+ SAW WELD METAL 





© GNA WELD METAL 


0.2 0.4 0.6 0.8 | Nez 1.4 
(Thousands) 
POTENTIAL (-MY SCE) 


FIGURE 43 - Time of Failure Versus 
Fotential (Strain Rate .00000833/sec) 
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UNIFORM ELONGATION CPERCENT) 


elo 
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FIGURE 44 —- Uniform Elongation Versus 
Potential (Strain Rate .00000833/sec) 


bh 
Nh 
oO 


TOTAL ELONGATION CPERCENT) 


0.08 


0.06 


0.04 


0.02 





[0 BASE METAL 
+ SAW WELD METAL 


© GNA WELD METAL 
AQ SAW HAZ METAL 
>< GMA HAZ METAL 





| 1e2 1.4 
(Thousands) 
POTENTIAL (-MV SCE) 


FIGURE 45 - Total Elongation Versus 
Potential (Strain Rate .00000833/sec) 
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FIGURE 46 - Time of Failure Versus 
Reduction of Area (Strain Rate .0000667/sec) 
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FIGURE 47 - Time of Failure Versus 
Total Elongation (Strain Rate .9000667/sec) 
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REDUCTION OF AREA CPERCENT) 
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FIGURE 48 - Reduction of Area Versus 


Total Elongation (Strain Rate 
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©~-9000667/sec) 





TIME OF FAILURE CHOURS) 


0.4 0.6 


REDUCTION OF AREA (PERCENT) 


- FIGURE 49- Time of Failure 


Reduction of Area (Strain Rate 
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»90000833/sec) 
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FIGURE S50 —- Time of Failure Versus 
Total Elongation (Strain Rate .00000833/sec) 
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FIGURE S31 - Reduction of Area Versbus 
Total Elongation (Strain Rate .00000833/sec) 





TABLE 6.7 





STRAIN RATE DEPENDENCE 


FREE CORROSION (-435 MV SCE) 





SFECIMEN STRAIN ROA TOF UNTFORM TOTAL 
RATE ELONG. ELONG. 
(1/SEC) (%) (HR) (7%) (7%) 
ieee G. SSE-O6 0.869 7.700 Q.108 0.245 
o-16 &.6/7E-05 0.734 0.859 0.105 0.2235 
SH-15 1.67E-04 O.772 O. 330 0.075 0.201 


CATHODICALLY PROTECTED (-1000 MV SCE) 





SPECIMEN STRAIN KOA TOF UNIFORM TOTAL 
RATE ELONG. ELONG. 
(1/SEC) (4) (HR) (4%) (%) 
SH-S S,.556-07 0.490 37.000 0.090 O.171 
Sit 8. 35E-06 0.636 J» O67 0.066 0.152 
SH-14 6.67E-05 0.684 0.961 0.082 0.204 


HYDROGEN GENERATING (-1250 MV SCE) 





SFECIMEN STRAIN ROA TOF UNIFORM TOTAL 
RATE ELONG. ELONG. 
Cl SEG) (4%) (HR) CZ) (7%) 
SH-4 Beso —O7 0.205 42.200 0.104 0.126 
eS 8B. S3E-06 0.297 3.729 0.965 Geel tt 
SH-13 6.6/7E-095 QO.404 7 cin O.113 O,211 





REDUCTION OF AREA CPERCENT) 





se GENERATING 
<-1250 MV SCE? 


a 107 
STRAIN RATE Paice 


107” 


FIGURE S2 - Strain Rate Effects on 
Reduction of Area. 


TABLE 6.8 


SLOW STRAIN RATE TESTING 
MATERIAL STRENGTH DATA 
(STRAIN RATE .0000667/SEC) 


SAMPLE CORROSION YIELD ULTIMATE FRACTURE 
POTENTIAL STRENGTH STRENGTH STRENGTH 
(MV SCE) KSI ESI KSI 
(MF a) (MPa) (MPa) 
NSL~-1 435 835.6 F762 04.3 
(S90) (670) (374) 
Netz 1000 68.6 99.9 48.8 
(611) (689) (336) 
NSL-2 1250 97.1 LOS. 47.9 
(669) (7354) (330) 
SW-15 435 105.4 ua a = Soe 7 
C77) (771) (441) 
SW-14 1000 93.7 96.35 pow 
(646) (665) (361) 
SW~-16 P2350 Se LOZ Sa Ore 1 
(638) (707) (345) 
GW-16 435 SO a7 100.4 eo ig ak 
(625) (692) (380) 
GW-14 1000 97 oi 103.8 SS 7 
(672) (716) (412) 
GW-1S tP2a@ 109.5 115.4 38.9 
(754) (796) (406) 
SH-16 435 Tce 1 S77 wk w4.4 
(318) (669) (3735) 
SH-14 1000 86.9 95.35 43.8 
(599) (657) (302) 
SH-13 1250 68.8 90.6 40.1 
(474) (624) (276) 
GH-15 435 103.7 110.8 62.9 
(7135) (764) (434) 
GH-14 1000 113.4 119.2 538.7 
(782) (822) (405) 
GH-135 oa 1OZs 1 114.4 73.0 
(704) (789) (S03) 
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TABLE 6.9 





SLOW STRAIN RATE TESTING 
MATERIAL STRENGTH DATA 
(STRAIN RATE .90000833/SEC) 


SAMPLE CORROSION YIELD ULTIMATE FRACTURE 
POTENTIAL STRENGTH STRENGTH STRENGTH 
(MY SCE) KSI KSI KSI 
(MF'a) (MPa) (MPa) 
N-1 Aas ole o 105.4 WJO.246 
(631) (727) (390) 
N-2 1000 89.2 103.8 Do. 2 
(615) (716) (383) 
N-3 ae 86.1 100.2 81.4 
(394) (691) (563) 
SW-1 433 I Sco 1Oe5 1 537.6 
(643) C722) (411) 
SW-2 1000 103.6 103% 7 To3.3 
(714) (729) (S20) 
SW-3 12350 aay Pons 74.9 
(547) (697) (S10) 
GW-1 435 864.4 105.6 64.1 
(S96) (728) (442) 
GW-2 1000 Gra: 22 LOG, . 70.0 
(711) (748) (483) 
GW-3S 1250 94.2 100.7 E91 
(649) (694) (476) 
SH-1i 433 80.6 a7 46.6 
(556) (646) C221) 
Shi 1000 96.2 105.0 wad 
(663) (724) (398) 
SH-3 L230 LO228 109.8 Saa7 
(709) (77 ) (433) 
GH-1 435 Te ee FIs 62.9 
(5464) (684) (434) 
GH-8 1000 89.1 105.8 OSs 7 
(614) (729) (405) 
o) = aes 1250 P@e Plo. 7 Tse 
(7358) (799) (303) 
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FIGURE S33 - Yield Strength Versus 
Potential (Strain Rate .9000667/sec) 
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FIGURE S54 - Yield Strength Versus 
Fotential (Strain Rate .00000833/sec) 








FIGURE S56 —- Fhotomicrographs of Secondary 
Cracks along Gage Length (300 X). 





Pa 8 ee Oe Se 
oe. @ PD ‘ 
~ 


2. 


ar 3 ay 
ae 
'-, 


#* 
2 
’ 
, 


o 


s 
9 f “y*> 
‘3 





phs Of Ductile 


‘hatomicraogra 


[- 


a7 


FIGURE 
Farlure 


BS 


CEOp 4 


> 


Surfac 


acture 


xX) . 


Region of Fr 


IQ) 


c 


“=f ES 


: 
ome 


bottam, 


* 
pate 


=) 


244 








FIGURE S8 —- Fhotomicrographs of Quasi- 
Cleavage Regions af Fracture Surfaces 
PeGtneotd As Deteam £000 KK) . 








FIGURE S9 - Fhotomicrographs of Fracture 


Surfaces of GMA HAZ Specimens for Free 
Corrasion (top, 86 X), Cathodically Frotected 
(middle, 45 x) and Hydragen Generating 


(bottom, 325 X) Showing Effect af Strain Rate 
(Strain Rate .90000B823/sec). 


246 








FIGURE 60 —- Fhotomicrographs af Fracture 
surfaces of Base Metal (top), GMA Weld Metal 
(middle left), GMA HAZ (middle right), SAW 
Weld Metal (bottom left) and SAW HAZ (hottom 
riqht) Showing Effect of Material ee) 
Strain Rate .9000667/sec, Applied Fotential 
ie Cle oi 
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7. DISCUSSION OF RESULTS 

7.1 WEDGE-OPENING LOAD TEST RESULTS 

The absence of any observable crack propogation in the 
Wedge-Opening Load specimens indicates that, for the stress 
intensities actually employed (i.e. those determined at the 
conclusion of testing by measuring the arrest load F'), no 
stress corrosion cracking or hydrogen assisted cracking 
@cctrred. The absence of crack growth may be ascertained from 
the data of Table 6.1 where the average crack length measured 
at the conclusion of testing 1s tabulated along with the 
measured crack length after initial torquing prior to seawater 
immersion. It must be recalled in reviewing this data that 
initial crack length measurement was based on the average of 
the crack lengths on the two exposed faces of the specimen 
(the left side and the right side of Table 6.1), as the crack 
length at the center of the specimen was not accessible. Ee. 
this average is employed as a measure of fimal crack length 
(as opposed to the weighted numerical average of Novak = and 
Rolfe C82] used in Table 6.1 and discussed in Section 6.1) it 
may be seen that, of the 42 specimens tested, oanly 13 
indicated growth. The remaining 29 indicated zero growth or 
negative growth which is not physically possible and reflects 
the limitations on the accuracy of the crack length 


measurement technique employed. 


Further investigation of those specimens which indicated 
Crack growth based on physical measurements with a travelling 


stage microscope revealed that no crack growth had actually 
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occurred. The fracture surfaces of selected specimens were 
chemically stripped of oxide and observed with a stereoscopic 
microscope as discussed in Section 6.1. No evidence of 
cracking subsequent to that generated during the pretest 
fatigue precracking was discernible. In all of the specimens 
evaluated, a clear line of demarcation between the cyclic 
precrack fracture surface and the liquid nitrogen = induced 
brittle fracture surface was observed with no indication of 
environmentally induced secondary cracking. Rased on this 
evidence, one must conclude that apparent crack growth was 
also a reflection of the inherent inaccuracy of the crack 
length measurement technique. This conclusion is further 
supported by the fact that the maximum measured crack growth 
was only .94 inches (1.93 mm) and that most of the measured 
crack growths were on the order of .001 inches (.02 mm). In 
addition, those specimens indicating crack growth were 
randomly distributed among the materials, potentials and 
stress intensities employed in the experimental program. One 
would expect that, as a minimum, those specimens subjected to 
higher stress intensities would crack before those at lower 
stress intensities. The overall assessment is therefore that 
none of the specimens tested underwent environmentally induced 


cracking. 


For the Wedge-Opening Load portion of the experimental 


program, one may then only conclude that the stress 

intensities actually employed for the specific 

material/environment combinations are lower bounds of kK . 
FSEE 
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In other words, since no cracking was observed at the stress 


intensity applied to each induvidual specimen, that required 


to induce cracking must be of higher magnitude. This assumes 
that a threshold stress intensity for stress corrosion 
cracking does in fact exist. As this has been reported by 


previous research [49] as discussed in Section 3.2.4, the 
existence of the K material property for HSLA 80 must be 
assumed EG be orb y Since each material/potential 
combination was evaluated with either two or three specimens, 
the maximum stress intensity achieved for the specific 
combination may be taken as the lower bound for the group. 
Further, since the applied potential appears to have no 


appreciable effect, these lower bounds may be grouped 


according to material type as follows: 


(1) SAW Weld Metal 96-97 ksivin (106-107 MFavm) 

(2) GMA Weld Metal 95-98 ksiVin (104-108 MFaVm) 

(3) SAW HAZ Metal 93-96 ksiVin (102-106 MPavm) 

(4) GMA HAZ Metal 91-94 ksivVin (100-103 MFavm) 

(5) Hase Metal 83-89 ksiVin (91-98 MFa/m) 
These results compare favorably with the lower bounds 
established by previous experimentation €49], repeated here 


for comparison purposes: 


(1) Base Metal 93 ksiVin (102 MPavm 
(2) Weld Metal 93 ksivViIn (102 MPavm 
(3) HAZ Metal 95 ksiVin (104 MFaV’m) 
Although these results are for cathodically protected 


specimens (-1000 mv SCE), it has been demonstrated that the 
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applied potential has a negligible effect on the kK 
ISCC 
material property. 

The disparity between the experimental program matrix 
stress intensity values of Table &.1 and those stress 
intensity values measured at the conclusion of testing (Table 
6.2) may be attributed to two factors. The predominant cause 
for the disparity was that the estimate of crack length used 
in calculating the COD needed to apply the experimental 
Program stress intensity was based on the arithmetic average 
of the crack lengths on the two faces of the specimen. 
Subsequent fracture of the specimen at the conclusion of 
testing revealed that the crack fronts were bowed such that 
the crack length at the center of the specimen was in almost 
all cases substantially larger than that of either of the two 
faces. Reference to Table 6.1 indicates that this disparity 
was on the order of .1 inch (2.6 mm). The actual crack 
lengths were therefore longer than those calculated by the 
arithmetic average. The result of this disparity was that the 
computation of the COD needed to give the desired program 
matrix stress intensity (Equation 1 of Section &.3.1) was 
underestimated. Consequently, when specimens were torqued to 
the indicated COD, the stress intensity actually applied to 


the crack tip was less than that specified for testing. 


The second reason for the stress intensity difference may 
be attributed to the method of calculation. Frior to 
environmental testing, the specimens were torqued based on two 


empirical compliance formulas (C (a/W) and C (a/W)) since no 
3 & 





load data was available. Subsequent to testing, the arrest 
load was physically measured during the unloading process as 
discussed in Section 6.1. In using this load to calculate the 
final stress intensity (Equation 3 of Section 5.3.1), only one 
empirical compliance formula was required (C (a/W). The final 
calculation was thus more accurate = the initial 


Calculation as it was based on the actual loading of the 


specimen. 


As a final note on WOL testing, the nature of the 
environmental test facility deserves some comment. The 
facility as originally constructed was intended to simulate 
flowing seawater by continuously circulating the electrolyte 
with an electric pump. In spite of periodic replenishments 
With freshly prepared synthetic seawater and one changeout of 
the entire electrolyte bath, the corrosion products generated 
by the specimens eventually clogged the circulation path, 
reducing flow to near stagnant conditions. Following this 
disruption of flow, the two seawater baths were mechanically 
stirred twice daily to ensure homogeneity. Since previous 
research has demonstrated that flowing and stagnant seawater 
produce essentially identical results (€3], the use of both 
conditions for this research does not alter the experimental 


result. 





7.1 SLOW STRAIN RATE TEST RESULTS 


The results of slow strain rate testing are much more 
revealing in the assessment of environmental effects of 
seawater on HSLA than the WOL testing. The fundamental 
difference between the two tests is that slow strain rate 
testing is dynamic in that the mateial is being continuously 
deformed during the course of the experiment in contrast to 
the static loading of the WOL experiment. The absence of a 
preexisting crack in the slow strain rate experiments 1s) an 
additional major distinction, but of less significance since 
the slow straining deformation process serves as a crack 
initiator in addition to providing the crack propogation 
motive force. In the absence of an artificially induce crack, 
preexisting flaws on the surface of the material serve as 
initiation sites under the application of applied stress. 
These preexisting flaws are then in essence precracks even 
though their location and specific nature (i.e. grain 
boundaries, inclusions and/or machine scratches) remain 
unknown. The fact that they lie within the bounds of the gage 
length of the specimen is sufficient to start the failure 


process. 


The effect of the applied cathodic potential on the 
ductility of HSLA specimens is of prime importance in that low 
ductility increases the possibility of catastrophic brittle 
failure which is not acceptable for a ship hull steel. The 
primary indices used to assess material ductility in the slow 


strain rate experiment are reduction of area (ROA), time of 
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failure (TOF) and total elongation. zero gage length 
elongation (e) is a secondary index as it is derived directly 
from reduction of area and is hence more a normalized measure 
of ROA than an independent parameter. Uniform elongation is 
that portion of total elongation up to the point of necking 
and is hence a less complete measure of Overall ductility than 
is the latter. In addition, uniform elongation is much more 
susceptible to variance in the specimen machining process 
since a specimen that is machined with a slightly reduced 
cross sectional area along a portion of the gage length will 
neck much more readily than one that is of uniform cross 


sectional area. 


The data Overwhelmingly support the thesis that 
increasing the cathodic potential reduces the ductility of 
HSLA base metal and weldments. This reduction of ductility or 
increase in brittleness is most clearly evident in Figure 36, 
where reduction of area is plotted versus potential for the 
Slower strain rate of 8.33 X hace All five of the 
materials tested showed a nearly linear drop as potential was 
cGathodically applied from the free corrosion state of -435 mv 
SCE to the hydrogen generating potential of -1250 mv SCE. The 
change in reduction of area is substantial, amounting to about 
a 61lxty percent drop over the .8 volt range for which data 
were accumulated. The other primary ductility indices 
indicate the same behavior. Again this is most clearly 
evident from the data generated during the slower strain rate 


testing. Figure 43 shows an equally uniform forty percent 
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decrease in time of failure with increasing cathodic 
potential, while Figure 435 shows a fifty percent decrease in 
total elongation. Although there are some minor differences 
among the material types (e.g. the SAW and GMA weld metal 
specimens are somewhat less affected than heat-affected zone 
or base metal specimens), the degrading effect of the applied 
cathodic potential on ductility is a characteristic of the 


HSLA/Seawater system. 


Given that increasing the applied cathodic potential 
embrittles HSLA, the fundamental question centers on the cause 
of this observed effect. This is the very same fundamental 
Question addressed in the preceding theoretical discussions of 
stress corrosion cracking (SCC) and hydrogen assisted cracking 
(HAC). This question is whether the observed loss of 
ductility is due to the active path corrosion (AFC) of SCC or 
the hydrogen embrittlement (HEM) and subsequent cracking of 
HAC. If the traditional means of distinction is employed, 
then the failure mode is clearly HAC since the application of 
a more cathodic potential reduces ductility as evidenced by 
the TOF and ROA data. However, since no experiments were 
conducted with anodically polarized test specimens to 
determine ductility behavior in the more noble regime, SCC 
cannot unequivocally be ruled out on this basis alone. In the 
current Series of slow strain rate experiments, hydrogen was 
intentionally generated by making the specimen the cathode. 
Under these electrochemical conditions active path corrosion 


cannot physically occur and hence SCC may be ruled out as a 
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cause for reduced Gucea Prt y « This electrochemical 
relationship was demonstrated in Figure 2 (Section 2) where 
increasing the cathodic potential is shown to favor the 
formation of hydrogen and discourage metal dissolution. rt 
may therefore be concluded that hydrogen assisted cracking was 


the operative mechanism for reduced ductility. 


The thesis that HSLA base metal and weldments are 
susceptible to HAC is challenged by the lack of any observable 
cracking in the WOL specimens subjected to the hydrogen 
generating cathodic potential of -1250 mv SCE. Hydrogen 
bubbles were in fact observed to emanate from the surface of 
the WOL specimens over the course of the experiment. There 
are several possible explanations for this apparent anomaly. 
First, the geometry of the precracked WOL specimens was 
radically different from that of the slow strain rate 
specimens in that a relatively long and isolated crack front 
was present in the case of the former. As discussed in 
Section 2 (9], the constriction in crack geometry can lead to 
radically different environmental conditions at the crack tip 
from those imposed on the surface of the specimen. 
specifically, when an active potential is imposed on the 
surface of the specimen, the crack tip is more noble due to 
the potential drop along the high resistance immobile 
electrolyte between the crack faces. It is therefore entirely 
possible that hydrogen was not being generated in the 
immediate vicinity of the crack tip and that the relatively 


stagnant conditions of the electrolyte precluded sufficient 
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migration to induce hydrogen assisted cracking. 


A second possible explanation for the lack of observable 
hydrogen assisted cracking in the WOL testing is that the 
static mature of the applied load did not meet the dynamic 
plastic deformation requirements for hydrogen/metal 
interaction. According to the Plastic Deformation Theory of 
Beachem [42], hydrogen aids in the deformation of the metal 
matrix (Section 2.3). In the absence of plastic deformation, 
hydrogen generated by the electrochemical conditions will 
migrate to the region of highest triaxial stress but will have 
no appreciable effect an the cracking process. Although this 
notion is at odds with the Lattice Decohesion Theory of 
Troiano C40] and the Stress Sorption Theory of Fetch and 
Stables [33], it 185 well supported experimentally. This 
research, in identifying HAC in the plastically deforming slow 
strain rate experiment and its absence in the static WOL 


experiment supports the Flastic Deformation Theory. 


Fhotomicrographic evaluation of the slow strain rate 
fracture surfaces lends further support to the hydrogen 
assisted cracking thesis. It 18 clear from Figure SS and S39 
that the macroscopic appearance of the fracture surfaces 15 
markedly different as the potential is decreased. In that the 
three cathodic conditions are direct measures of the 
availability of hydrogen at the crack front, the increase i1n 
potential may be taken as the effect of hydrogen on the 
fracture behavior. The onset of HAC may be recognized by both 


macroscopic differences in fracture behavior and by 
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microstructural changes of the fracture surface. From the 
macroscopic standpoint, the cup and cone appearance of the 
free corrosion specimen takes on a distinct brittle appearance 
under the influence of hydrogen. The onset of HAC is’) also 
marked by the appearance of secondary circumferential cracking 
shown at higher magnification in Figure Sé. These secondary 
cracks were evident on all specimens subjected to the hydrogen 
enriched -1000 mv SCE potential and the hydrogen 
generating -1250 mv SCE potential whereas they were absent on 


the free corrosion specimens. 


From the microscopic standpoint, HAC was manifested by 
the onset of the quasi-cleavage mode of failure around the 
periphery of the fracture surface. The free corrosion 
specimen fracture surfaces were characterized by the dimpled 
microstructure of monotonic overload fracture shown in Figure 
ay. The cathodically protected and hydrogen generating 
fracture surfaces were characterized by a quasi-cleavage 
microstructure adjacent to the surface of the specimen (Figure 
J8) with the dimpled microstructure of Figure S7 in the 
center. This fracture mode corresponds to medium stress 
intensity HAC as identified by Beachem €42] and shown in 
Figure 9. That the dimpled microstructure is due to monotonic 
overload and not the high stress intensity microvoid 
coalescence shown in Figure 9% is not entirely certain. 
Clearly, as the cross sectional area of the specimen is 
reduced by necking under constant load, a monotonic overload 


Situation will eventually occur as stress increases. The 





possibility exists that a transition between quasi-cleavage 
HAC and microvoid coalescence HAC occurs as stress intensity 
increases with crack length prior to reaching the overload 
situation. Hence the dimpled microstructure could in fact be 
partially due to microvoid coalescence HAC and partially due 
to monotonic Overload. However , since the dimpled 
microstructure of the hydrogen generating and cathodically 
protected specimens is identical in appearance to that of the 
free corrosion specimens fractured in the absence of hydrogen, 
it is more probable that monotonic overload predominates. As 
a final point, the fact that the quasi-cleavage region in 
those specimens subjected to a more negative hydrogen 
generating potential (-1250 mv SCE) was larger than that for 
those specimens subjected to the cathodically protected 
potential (-1000 mv SCE) further supports the quasi-cleavage 


HAC mode. 


The effects of hydrogen on fracture behavior may also be 
seen in comparing the changes in uniform elongation with total 
elongation over the potential range investigated. Referring 
to Figure 44 for uniform elongation and Figure 45 for total 
elongation, it may be noted that there is a substantial 
decrease in the latter with increasing cathodic potential 
whereas the former is relatively unchanged. To explain this 
behavior, it may be recalled from the discussion of hydrogen 
cracking (Section 2.3) that it 18 universally accepted 
[40,353,421] that hydrogen migrates to regions of high triaxial 


stress. Uniform elongation is measured only up to the point 





of necking and hence involves limited if any triaxial stress. 
Under these monotonic stress conditions, hydrogen migration is 
limited and hence no hydrogen effect is evident. Total 
elongation, on the other hand, includes the triaxial stress 
conditions following necking. As the hydrogen is drawn to the 
stressed region, it aids in the deformation process so as toa 
cause cracking and premature failure. Thus, total elongation 


is less for the hydrogen generating potentials due to HAC? 


Strain rate effects were investigated by conducting 
several experiments at strain rates other than the two 
primary tests at 6.67 X Oe ecu and 8.33 X i ee which 
were conducted on all specimen types. On a macroscopic 
qualitative basis, comparison of the fracture surfaces in 
Figures 35 and 39 (which are for the two full strain rate 
tests) reveals that the slower strain rate presents ai much 
more homogeneous appearance than does the faster strain rate. 
At 6.67 xX Moi nce there is a great deal of macroscopic 
tearing whereas at 8.33 X ie no such tearing exists. The 
data extracted from final specimen geometry and from the load- 
deflection curves for the two strain rates also reflect this 
homogeneity for the slower strain rate. Comparison of Figures 
36, 490, 41 and 42 (6.67 X One ee with Figures 38, 43, 44 
and 435 (8.33 xX ea makes this point graphically clear. 
Cross plots of the key ductility parameters (ROA, TOF and 
total elongation) for the two primary strain rates in Figures 


46 through Sl provide an additional graphical indication. For 


the slower strain rate (Figures 49 through S31) there is a 
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nearly linear relationship between parameters whereas for the 
faster strain rate (Figures 46 through 48) there is a 


considerable degree of data scatter. 


The overwhelming evidence of increased homogeneity at the 
lower strain rate 1s evidence of a single operative failure 
mode, the faster strain rate indicating a combined failure 
mode. Kased on the thesis of quasi-~cleavage HAC as the 
failure mode, it is proposed that the slower strain rate 
provided adequate time during the deformation process for 
hydrogen migration and lattice interaction so that the single 
HAC failure mode was observed. The faster strain rate, on the 
other hand, did not provide adequate time for migration and 
interaction and hence the failure mode was a combination of 
HAC and monotonic overload. This notion is supported by 
photomicrographic evidence in that the slower strain rate 
fracture surfaces were observed to have more extensive regions 
Of quasi-~cleavage than those at the faster strain rate. In 
that the tests conducted at even slower strain rates 
See oes 8X fea did not indicate any marked change from 
data at 8.33 X Pa eee. one may conclude that strain rates on 
the order of as provide the most severe conditions’ for 


environmental cracking, which is consistent with the findings 


of previous research [87]. 


The effect of strain rate on ductility provides an 
indication of the operative failure mode [87]. As discussed 
in Section 3.4.1 and shown in Figure 31, lowering the strain 


rate does not improve the ductility if the operative failure 
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mode is HAC whereas ductility increases at lower strain rates 
for SCC failure. Referring to the data of Table 6.7 and the 
plot of ROA versus strain rate in Figure S2, 1t is clear that 
lowering the strain rate for the cathodically protected (-1000 
mv SCE) and hydrogen generating (-1250 mv SCE) enviroments did 
not improve the ductility (in fact, it was degraded somewhat). 
This observation provides an additional indication that HAC 
was the operative failure mode at these two applied 
potentials. In the case of free corrosion, it can be seen 


(Figure S32) that ductility was much higher and that there 1s 


~5 


some indication of a minimum ductility at 6.67 XX 10 /sec. 
This minimum may be attributed to data scatter, as no evidence 
of SCC was found in these specimens during photomicrographic 


evaluation. 


Material effects may be evaluated in terms of either 
composition (i.e. base metal, weld metal or heat~affected 
zone) or in terms of process (1.e. Gas Metal Arc Weld or 
submerged Arc Weld). From the compostional standpoint, it was 
shown in Section 3.3.1 (Table 3.10) that the heat~-affected 
zone yielded the highest Knoop hardness readings followed by 
the intermediate hardness of the weld metal and the lower 
hardness base metal. The strength data of Table 6.9 plotted 
in Figttre S4 support the direct relationship between hardness 
and strength through most of the potential range. The only 
major anomaly was the GMA HAZ material which had an abnormally 
low strength at the lower potentials. From the standpoint of 


ductility, reference to Figures 38, 43, 44 and 45 indicates 
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that, in general, the heat-affected zone material 1S more 
ductile than the weld metal material at the free corrosion 
potential. As the potential is increased in the cathodic 
direction, however, this order is reversed such that the weld 
metal material indicates greater ductility than the heat- 
affected zone material. The base metal material generally 
occupies an intermediate position between the two extremes 
at both the free corrosion and hydrogen generating potentials. 
It may therefore be concluded that the heat-affected zone 
material is more susceptible to HAC than the weld metal = and 


that the base metal is of intermediate susceptibility. 


As a possible explanation for the enhanced susceptibility 
Of the HAZ to HAC, reference to the photomicrographs of 
Figures 16, 17 and 18 (Section 3.3.1) shows that the grain 
Size of the HAZ is substantially larger than the grain size of 
either the weld metal or the base metal. If the failure mode 
were transgranular, then these larger grains would improve 
ductility as crack mobility would be impeded. If the failure 


mode were intergranular, then the larger grains would reduce 


ductility as crack mobility would be enhanced. These 
relationships Suggest that the failure mode under free 
corrosion conditions was transgranular since the larger 


grained HAZ specimens were more ductile and that the failure 
mode under hydrogen generating HAC conditions was 
intergranular since the HAZ was less ductile. It should be 
Pointed out that this is an hypothesis and that further 


photomicrographic evaluation would be required as supportive 
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experimental evidence. 


The heat-affected zone data generally displayed a greater 
degree of variance than either the weld metal data or the base 
metal data, as evidenced by parametric and photomicrographic 
evaluation. The parametric variation of the heat-affected 
zone data is most apparent in the faster strain rate test 
results (6.67 X oa Since the combined failure mode 
Operative at this strain rate produced significant data 
scatter as discussed above. Reference to Figures 40, 41 and 
42 reveals that the SAW HAZ data differ markedly from that of 
the weld metal or base metal while the GMA HAZ data differ to 
a somewhat lesser degree. Fhotomicrographic evidence 15 
presented in Figure 602, where fracture surfaces of all five 
material types are shown for the faster strain rate at the 
hydrogen generating potential of -1250 mv SCE. The heat- 


affected zone fracture surfaces exhibit considerable shearing 


when compared to the relatively flat weld metal surfaces. 


The variance in the heat-affected zone data is most 
probably attributable to the heterogeneity inherent to the 
HAZ region of the welded joint. Contrary to the relatively 
homogeneous unmelted base metal region and the totally melted 
weld metal region, the partially melted HAZ region is by 
definition a transition between the two. Its composition is 
thus somewhat uncertain, depending in large measure on the 
degree of weld process control. A second potential source of 
variance in heat-affected zone data stems from the machining 


of experimental specimens. In that the heat-affected zone is 
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very marrow and difficult to identify, it is probable that at 
least some of the specimens were partially composed of weld 
metal and/or base metal. Although specimen preparation 
procedures attempted to minimize this effect through the use 
of the "K" weld geometry and through macroetching the ends” of 
the specimen blanks (Sections 5.3.2 and 5.4.2), some sample 


heterogeneity was probably unavoidable. 


From the process control standpoint, there was no 
substantial distinction between the data for the submerged arc 
weld specimens and the data for the gas metal arc weld 
specimens. Since the two welds were made from two sections of 
the same base plate with identical heat inputs and the same 
filler material under relatively rigorous laboratory control 
conditions, this result was expected. Therefore, all of the 
above results may be applied to the SAW and GMA processes 


interchangeably. 
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8. CONCLUSIONS 
Based on the results of the experimental portion of the 
thesis research program, it may be concluded thats: 
(1) The lower bounds of K for HSLA 80 base plate and 
ISCC 
weldments in a seawater environment ares 
Fase Metal: 83-89 ksivin (91-98 MPavm) 
Weld Metal: 935-98 ksivin (104-108 MPavm) 


HAZ Metal: 91-96 ksiVin (100-106 MFadm) 


(2) There 1s no evidence of a separate critical stress 

intensity for hydrogen embrittlement (K ) based on WOL 
THEM 

testing of HSLA 80 in a seawater environment. 


(2) HSLA 8O is susceptible to hydrogen assisted cracking 


in a seawater environment. 


(4) HSLA 80 is not susceptible to stress corrosion 
cracking in a seawater environment over the potential 


range of free corrosion (-435 mv SCE) to -1250 mv SCE. 


(3) The hydrogen assisted cracking of HSLA 80 in a 
seawater environment occurs under conditions of 
continuous plastic deformation and triaxial stress in the 


presence of hydrogen. 


(6) The failure mode for HSLA 8O in seawater under 
hydrogen assisted cracking conditions of (5) above is 


quasi-cleavage. 





(7) Hydrogen assisted cracking of HSLA 80 in Seawater is 
—6 

most severe at strain rates below 10 /sec. 

(8) The heat-affected zone of HSLA BO weldments exposed 


to seawater is more susceptible to hydrogen assisted 


cracking than the weld metal or the base metal regions. 


(9) Weldments made by submerged arc welding and gas metal 
arc welding of HSLA 80 have essentially identical 


corrosion performance in a Seawater environment. 


(10) HSLA 8O is exceedingly tough and resistant to 
environmentally induced corrosion (i.e. SCC and HAC) for 
manufactured plate thicknesses up to and including 2 
inches (SO mm). It is recommended for marine structural 
applications in seawater environments. However, some 
caution should be exercised in design applications where 
the potential exists for plastic deformation in the 
presence of hydrogen as these conditions have been found 
to promote HAC. This caveat is not unduly restrictive as 
ship structural calculations generally employ factors”) of 


safety incorporated to prevent reaching material yield 


strength. 





9. FUTURE WORK 


Further research in characterizing the corrosion 
performance of a given alloy ina given environment is’ only 
limited by time, money and practicality since the 
multidisciplined field of Corrosion Engineering can lead to a 
virtually endless series of experiments”) and theoretical 
postulations. Within the limited scope of this specific 
research project, however, several succeeding investigations 
are immediately suggested which directly extend the 


experimental conclusions: 


(1) Full characterization of the susceptibility of the 

HSLA 80/seawater system to stress corrosion cracking 

requires a quantitative upper bound to K : A Wedge- 
ISCC 

Opening Load test program with initial stress intensities 


in the range of 1190 to 130 ksi/in (120 to 143 MPa/m) 


would provide this data. 


(2) Although previous experiments with HY 130 (3) showed 
that flowing and stagnant seawater were essentially 
equivalent test environments, there is no absolute 
Guarantee that this is the case with HSLA 80. A test 
Program with flowing seawater would clarify this point 


for the HSLA 8BO/seawater system. 


(3) No stress corrosion cracking was detected over the 
potential range investigated in the slow strain rate 


experiments conducted. Full characterization of this 
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susceptibilty would require a series of slow strain rate 


tests under conditions of anodic applied potentials. 


(4) Strain rate effects were evaluated based on testing 
at two strain rates for all materials and selected tests 
at a lower strain rate. Full characterization of strain 
rate effects would require testing at the lower strain 
rate for all materials. This testing could be coupled 


with the anodic testing of (3) above to identify the 


bounds of HAC and SCC effects (if any). 


(S) This research postulated a transgranular crack path 


under free corrosion potential conditions and an 
intergranular crack path under cathodic potential 
conditions based On heat-affected zone ductility. 


Further photomicrographic evaluation would be required to 


Clarify this point. 


(6) Charpy impact testing conducted to verify 
manufacturer 's data cm this research identified 
abnormally low toughness in the middle section of the two 
inch thick plate. A full series of Charpy and Dynamic 
Tear experiments would fully characterize through 


thickness toughness variations. 
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